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ABSTRACT
The broad aim of this research programme was to understand the 
structure, deformation and fracture processes associated with grain 
boundaries in nominally single phase &' Si-Al-O-N ceramics, hot- 
pressed with different sintering aids (MgO and Mn^O^).
The major microstructural difference between the two types of 
ceramic is the occurence of microscopic regions of triple-junction 
silicate glass in the Mn-containing ceramic. Lattice imaging shows 
that there is no resolvable phase within two-grain interfaces in 
both ceramics down to an approximate limit set by the prism-plane spacing 
of Si-Al-O-N crystals (6.6 8). However, Auger electron spectroscopy 
indicates the presence of Mg, Mn, 0 and impurity Ca at grain boundaries.
Creep tests have been performed in a newly designed and constructed 
apparatus which can easily be adapted to perform bend and uniaxial 
compressive creep. A double-torsion jig has been constructed to 
determine crack propagation data in vacuum.
The dominant deformation mechanism in the Mn-containing ceramic 
is that of grain boundary sliding accompanied by cavitation at triple 
junctions nucleated within the silicate phase. The measured non­
integral stress exponent (n » 1.5) and activation energy (Q “ 490 k Jmol 
in the creep rate equation i “ const. anexp (- j^ r) are typical of 
commercial Si^N^ ceramics. A similar cavity-inter linkage is the 
principal mechanism for subcritical crack growth, characterised by a 
low value for the stress intensity (Kj) exponent (n) in the relation 
V(crack velocity) ■ const. Kj11.
Triple junction silicate, and hence cavitation, is absent in the 
Mg-containing ceramic, which exhibits a grain boundary diffusional 
(Coble) creep mechanism (n * 1). Subcritical crack growth is restricted 
to a narrow range of Kj and shows a higher K^-exponent (n *v 13) which 
favours a diffusive crack growth mechanism.
The influence of heat-treatment on high-temperature creep and sub­
critical crack growth has been analysed from microstructural evidence 
and determination of creep and crack growth parameters. Extraction of 
impurities (Mg, Mn, Ca etc.) from grain boundaries into a surface oxide 
film and consequent crystallisation of remaining glass components as 3' 
Si-Al-O-N, results in marked improvement in creep and resistance to 
subcritical crack growth. The most significant change is the elimination
of triple-junction glass and hence suppression of cavitation during 
creep and the cavity-interlinkage mechanism for slow crack growth 
in the Mn-containing ceramics. A creep mechanism of grain boundary 
diffusion is characterised by stress exponent n “ 1 and high 
activation energy > 800 k Jmol The slow crack growth behaviour 
favours a diffusive crack growth mechanism or that of a thermally- 
activated bond breaking.
TABLE OF CONTENTS
Page
CHAPTER ONE -INTRODUCTION 1
1.1. High Temperature Ceramics 2
1.2. Hot-pressed Silicon Nitride (HPSN) 5
1.3. Si-Al-O-N Ceramics 7
1.4. Objectives of the Research Programme 9
CHAPTER TWO - A REVIEW OF HIGH TEMPERATURE DEFORMATION AND
FRACTURE OF CERAMICS 11
2.1. High Temperature Creep 11
2.1.1. Deformation Mechanisms 12
2.1.2. Deformation Mechanism Maps 15
2.1.3. Identification of the Rate Controlling Creep Mechanism 16
2.1.4. Creep Deformation of Related Polycrystalline Ceramics 18
2.1.5. Creep in Si^N^ 20
2.1.6. Summary 23
2.2. High Temperature Fracture 24
2.2.1. Fast Fracture 24
(a) The Concept of the Critical Flaw 24
(b) Statistical Approach 25
(c) Fracture Mechanics Approach 26
(d) The Critical Stress Intensity Factor Kjc 28
2.2.2. Slow Fracture 29
(a) Slow Crack Crowth and the K^-V Relation 30
(b) Failure Prediction 31
(c) Slow Crack Crowth Mechanisms 32
2.2.3. Test Methods - K, and the K - V  Relation 34lc 1
CHAPTER THREE - MATERIALS AND MICROSTRUCTURAL ANALYSIS 35
3.1. Ceramic Compositions and Fabrication 35
3.2. Microstructural Analysis 36
3.2.1. Transmission Electron Microscopy 36
(a) Preparation of Electron-Transparent Sections 36
(b) Electron Microscope Imaging 37
(c) High-Resolution 'Lattice' Imaging 39
Page
3.2.2. Auger Electron Spectroscopy 43
(a) The Technique 45
(b) Observations and Discussion 46
3.2.3. Summary of Microstructural Analysis 49
CHAPTER FOUR - EXPERIMENTAL TECHNIQUES 52
4.1. Creep Testing 52
4.1.1. The Creep Apparatus 53
(a) Furnace 53
(b) Four-point Bend Creep Jig 53
(c) Compression Creep 56
(d) Specimen Preparation 58
4.1.2. The Testing Procedure 58
4.2. Fracture Testing 60
4.2.1. K1-V Relation 60
(a) Vacuum Furnace 60
(b) Double-Torsion Jig 61
(c) Double Torsion Specimen and Constant Calibration 61
4.2.2. The Test Methods and the Testing Procedure 63
(a) Load Relaxation Method 63
(b) Constant . isp lacement Rate Method 65
(c) Constant Load Method 67
4.2.3. Kjc“Temperature Relation 70
(a) K lc Jig 71
(b) Test Specimen Preparation 71
4.2.4. The Testing Procedure 72
Appendix 4.1. Stress and Strain Equations for Four-point
Bend Creep Tests 73
Appendix 4.2. Stress Intensity Factor and Crack Crowth
Relations for the Double Torsion Technique 77
CHAPTER FIVE- HICH TEMPERATURE CREEP 82
5.1. Analysis of Creep Data 82
5.1.1. Bend Tests 82
(a) Stress Dependence of Creep Rate 82
(b) Temperature Dependence of Creep Rate 83
(c) Effect of Atmosphere on Creep 84
(d) Effect of Transient Creep Behaviour on Creep
Parameters 85
5.1.2. Compressive Creep Data 85
5.2. Microstructural Analysis of the Deformed Specimens 87
5.3. Mechanisms for Creep 88
5.4. Non-Steady-State Creep 91
5.5. Discussion 93
CHAPTER SIX - HIGH TEMPERATURE FRACTURE 96
6.1. Analysis of Fracture Data 96
6.1.1. K^-V Measurements 96
6.1.2. K^-Temperature Tests 98
6.2. Microstructural Analysis of Fracture Surfaces 101
6.2.1. K, -Fracture Surfaces 101lc
6.2.2. Kj-Vj Fracture Surfaces 101
6.3. Mechanisms for Slow Crack Growth 102
6.3.1. Cavity Nucleation and Growth Mechanisms 103
(a) Nucleation 103
(b) Growth 104
(c) Materials with a Liquid Boundary Phase 105
6.3.2. Cavity Nucleation and Crack Growth in Si-Al-O-N ceramics 107
6.3.3. Plain-strain Elastic Model of Chuang 109
CHAPTER SEVEN - EVOLUTION OF IMPROVED Si-Al-O-N CERAMICS
VIA HEAT-TREATMENT 113
7.1. Introduction 113
7.2. Heat-Treatments 113
7.3. High Temperature Creep 114
7.3.1. Measurement of Creep Parameters 114
7.3.2. Microstructural Analysis *1 ^
1187.3.3. Creep Mechanisms
1217.4. Slow Crack Crowth
7.4.1. K.-V Data 121
1 1217.4.2. Mechanisms for Slow Crack Crowth
121(a) Diffusive Crack Crowth
(b) Crack Propagation by Thermally Activated Bond 
Rupture
AN OVERVIEW 129
LIST OF FIGURES
Figure Page No.
1.1 g-Si^N^ crystal structure 3
1.2 Isothermal phase diagram for the system
Si-N.-A1N-M,0--Si0, at 1760°C 73 4 2 3 2
2.1. Deformation mechanism map for MgO at a constant
grain size of 10 pm 15
2.2. Mode I (Opening mode); Normal separation of crack
surfaces under the action of tensile stresses 27
2.3 Schematic of four regions of slow crack growth in
the Kj-V diagram 30
3.1 Low magnification T.E.M. showing the general micro­
structure of Si-Al-O-N B 3/
3.2 Mn-rich particles in Si-Al-O-N B 37
3.3 EDAX analysis of Mn-rich particles 37
3.4 Triple-junction glass in Si-Al-O-N B 38
3.5. EDAX analysis of triple-junction glass in Si-Al-O-N B 38
3.6 Low magnification T.E.M. showing the general micro-
structure of Si-Al-O-N C 38
3.7 Sharp triple-junctions in Si-Al-O-N C 38
3.8 Schematic diagram showing the position of an objective
aperture with respect to the diffraction pattern for 
lattice imaging 42
3.9 Single 8'-crystal 'lattice'-image 43
3.10 Lattice-fringe image of two adjacent grains of
Si-Al-O-N B showing 6'-8' interface structure 43
3.11 Lattice-fringe image of two adjacent grains of 
Si-Al-O-N C. 43
in
Figure
3.12 Lattice-fringe image of a three-grain junction 
in Si-Al-O-N C
3.13 Set of Auger electron spectra (AES) showing the 
increase or decrease in different element con­
centrations with distance from an intergranular 
fracture surface of Si-Al-O-N B.
3.1A Variation in concentration of impurity elements 
indicated by variation in Auger peak height with 
distance from the intergranular surface of 
Si-Al-O-N B
3.15 Variation in concentration of additive and impurity 
elements with distance from the intergranular 
surface of Si-Al-O-N C.
4.1 The creep rig and furnace
4.2 Four-point bend creep jig
4.3 Four-point bend creep measuring arrangement
4.4 Compressive creep measuring arrangement
4.5 Compressive creep jig
4.6 Schematic drawing of the vacuum furnace
4.7 High-temperature double-torsion (D.T.) test jig
4.8 D.T. specimen
4.9 Constant K^-calibration for D.T. specimens
4.10 Typical load-relaxation curve
4.11 A method for elimination of machine relaxation
4.12 An illustration of the constant displacement method
4.13 An illustration of the constant load method (inset; 
SEM showing a typical crack during slow propagation)
4.14 The variation in Young's modulus with temperature 
for Si-Al-O-Ns B and C
4.15 The Klc-jig
4.16 The K^-specimen
82
83
83
83
83
85
85
86
86
86
87
87
87
Four-point bend creep curves for Si-Al-O-Ns B 
and C at different temperatures and stresses 
compared with creep curves at 'v 1200°C for 
commercial Si^N^ ceramics and a hot-pressed SiC 
ceramic.
Stress-exponents (n) for creep of Si-Al-O-N B 
at various temperatures. Open and closed circles 
at 1300°C are for two separate specimens for 
decreasing and increasing stress increments 
respectively. Closed square symbols are from 
temperature-change experiments.
Stress-exponent plots for Si-Al-O-N C 
Activation energy plots for Si-Al-O-Ns A and B
Activation energy plots for Si-Al-O-N C in air 
and vacuum.
Decrease in creep rate with time at a constant 
temperature and stress (Si-Al-O-N C).
Stress-exponent (n) plots for Si-Al-O-N C after 
long test-times. Open circles arc from temperature 
variation tests.
Stress-exponent plots for Si-Al-O-Ns A and B 
(Compressive creep)
Stress-exponent plots for Si-Al-O-N C 
(Compressive creep)
Activation-energy plots for Si-Al-O-Ns A, B and 
C (Compressive creep)
T.E.M. showing cavitation in Si-Al-O-N A 
(deformed at 1400°C)
200 kV T.E.M. showing cavities in thicker regions 
of Si-Al-O-N B
Cavitation of Si-Al-O-N B within the primary 
creep region (12 hours, 'v 0.4JC strain)
F ig u r e  Page No
5.14 T.E.M. showing non-cavitating behaviour of Si-Al-O-N
C after 'v 4% strain. 87
5.15 The absence of cavitation in Si-Al-O-N C even
-2under a relatively large stress ('v 138 MNm ) 87
5.16 Bend-creep specimens of Si-Al-O-Ns U and C 87
5.17 Schematic drawings showing creep mechanisms in
(a) Si-Al-O-Ns A and B
(b) Si-Al-O-N C 88
6.1 Ki“V diagram for Si-Al-O-Ns B and C. The dotted 
lines represent the limit below which sub-
critical crack growth is suppressed. 96
6.2 Scanning electron micrograph (SEM) showing the
suppression of crack growth in a zone of diffusional 
creep at the initiating notch, below the critical Kj 
value (Si-Al-O-N C). (mag. 80 X) 97
6.3 A comparison of K^-V relationships at 1400°C for
ceramics B and C with those for commercial Si,N.3 4
and Sic. 97
6.4 The effect of specimen thickness on the K^-V
relation. 98
6.5 Variation in the critical stress-intensity factor 
(Kjc> with temperature for Si-Al-O-Ns A, B, C, D
and E. 98
6.6a SEM showing the differences in fracture surface
topography between the region of slow crack growth 
(zone A) and a region of fast fracture (zone B) 
of Si-Al-O-N B (1400°C) (mag. 30 X) 101
6.6b The absence of a slow crack growth zone in
Si-Al-O-N C (1400°C). (mag. 30 X) 101
6.7 A typical low-temperature fracture surface showing
mainly transgranular fracture at low temperatures. 101
(mag. 3000 X)
F ig u r e Page No
6.8 A typical high-temperature (1400°C) fracture 
surface of Si-Al-O-N B showing intergranular
fracture (mag. 3000 X) 101
6.9 A double-torsion fracture surface of Si-Al-0-N
B showing slow and fast fracture regions (120O°C) 102
6.10 A high-temperature (1400°C) fracture surface of
Si-Al-O-N C. (mag. 3000 X) 102
6.11 Schematic drawings of slow crack growth;
(a) via. interlinkage of intergranular cavities
(b) due to a single crack
(c) by coupled surface and grain boundary diffusion. 103
6.12 A comparison of the Kj-V data for Si-Al-O-N
C (at 1400°C) with that predicted by the diffusive
crack growth model. Ill
7.1 Stress-exponent plots for 'heat-treated' Si-Al-O-Ns 
B and C.
7.2 Activation-energy plots for 'heat-treated' ceramics; 114
(a) Si-Al-O-N B
(b) Si-Al-O-N C
7.3 T.E.M. showing non-cavitating behaviour of Si-Al-O-N 
B after heat-treatment (at 1400°C).
7.4 A comparison between bend-creep specimens of 'as- 115
received' and heat-treated Si-Al-O-N B.
7.5 T.E.M. showing the change in microstructure after 116
'heat-treatment' of Si-Al-O-N B.
7.6 Grain size distribution of Si-Al-O-N B before and 117
after 'heat-treatment'.
7.7 Grain size distribution of Si-Al-O-N C before and 117
after 'heat-treatment'.
7.8 The Kj-V diagram for heat-treated ceramics. 121
7.9 SEM showing suppression of crack growth by 
crack blunting via. diffusional creep in 
Si-Al-O-N B after heat-treatment (mag. 50 X)
7.10 The variation in Kjc with temperature after 
heat-treatment in Si-Al-O-Ns B and C.
7.11 A comparison of K^-V relationships for heat- 
treated and 'as-received' ceramics together 
with commercial Si^N^ and SiC.
7.12 A comparison of high-temperature (1400°C) fracture 
surfaces for Si-Al-0-N B before and after heat- 
treatment. (mag. 20 X)
7.13 Typical high-temperature fracture surface after 
heat-treatment showing an increase in the amount 
of transgranular fracture for Si-Al-0-N B.
F ig u r e Page No 
121
121
121
122
122
7.14 A comparison of K^-V data for heat-treated 123
ceramics with that predicted by the diffusive
crack growth model.
7.15 A comparison of 1^-V data for heat-treated ceramics 123 
and 'as-received' ceramic C with that predicted
by thermally-activated bond breaking.
LIST OF TABLES
Table Page No
1.1 Properties of ceramics with potential for high 
temperature application.
1.2 The unit cell dimensions of the two forms of Si^N^
2.1 Predicted values of n and m for various creep 
mechanisms, with examples.
2.2a Creep data and deformation mechanisms for poly- 
crystalline MgO.
2.2b Creep data and deformation mechanisms for poly­
crystalline A^O^.
2.3 Fracture mechanics test techniques
3.1a Chemical compositions (in wt.Z) and other para­
meters for Si-Al-O-N ceramics.
3.1b Mechanical data.
4.1 Elastic constants for ceramics B and C.
5.1 Bend and compressive creep data for ceramics A,
2
3
17
18 
18
34
35
35
68
86
B and C.
CHAPTER ONE
INTRODUCTION
With the development of advanced heat engines (e.g. Gas turbines 
for electricity generation, aircraft engines and for vehicle propulsion) 
mechanical engineering entered a new high temperature field which has 
increased the demand for high temperature structural materials. The 
improvements in metallic alloys and coated refractory metals have shown 
that they are unsuitable for temperatures at which the new engines are 
required to operate for a higher efficiency. /
The most obvious approach to achieving good high temperature 
engineering properties is to select a material with a high melting point 
and good ancillary thermal properties such as high oxidation, corrosion 
and thermal shock resistance. Most of these properties are inherent in 
many ceramics, particularly many metallic oxides, nitrides and carbides. 
Operating at higher temperatures with uncooled ceramic components (present 
maximum about 1000°C with air cooling) gas turbines will give improved 
efficiency and better power to weight ratio with less fuel consumption.
The possibility of using lower grade fuels, less pollution and also the 
possible lower cost of ceramics compared to nickel and cobalt superalloys 
have accelerated this interest. The primary reasons for the limited 
application of ceramics are their brittleness, low thermal shock 
resistance and difficulty in fabrication. However the new ceramic 
materials developed in recent years, arc overcoming the traditional 
aversion to ceramics in structural applications. Currently, substantial 
research programmes are in progress to investigate the feasibility of 
ceramic materials for high temperature structural applications. The 
choice of a material for high temperature applications is not entirely
2governed by its load-bearing capacity. Apart from high oxidation and 
corrosion resistance they must have very low thermal expansion coefficients 
or high thermal conductivity to avoid thermal shock failures arising 
from temperature gradients and sudden temperature changes.
Ceramics with potential for high temperature applications are 
listed in Table 1.1 with their relevant properties and will be briefly 
discussed.
1.1 High Temperature Ceramics
Alumina was one of the pure oxide ceramics first developed and is 
now produced in a range of shapes and sizes. Although the high temperature
strength (Table 1.1) and good corrosion resistance of dense polycrystalline 
alumina are attractive, the relatively high expansion coefficient and low 
thermal conductivity result in poor thermal shock resistance and makes 
it unsuitable for many high temperature structural applications.
Following the development of glass ceramics by Stookey (1954) a 
range of such materials has been developed for various applications 
such as domestic oven ware, infra-red gas burners and regenerative heat- 
exchangers in small gas turbine engines. Thermal expansion coefficient 
varies according to the composition and heat-treatment, but is low 
compared to the other ceramics, and therefore these materials have an 
excellent thermal shock resistance. However these materials have upper 
working temperatures of about 900°C and some are susceptible to attack 
by sea-salt at high temperatures f1|. This makes these materials relatively 
unattractive for high temperature applications. The relatively low 
melting temperature of residual phases in this material is thought to 
be responsible for this high temperature strength degradation.
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3As mentioned earlier, materials with high melting temperatures 
must have high strength retension at elevated temperatures. Covalently 
bonded solids have high bond strength and therefore have very high 
melting or decomposition temperatures. Silicon nitride and silicon 
carbide possess many attractive high temperature properties dictated 
by their covalent bonding and are leading candidates as high temperature 
structural materials.
Silicon nitride exists in two modifications [2] a and 8, both 
having hexagonal crystal structures. The unit cell dimensions are 
given in Table 1.2. The structural unit is the SiN^ tetrahedron in 
which each silicon atom is covalently bonded to four nitrogen atoms 
(similar to the silicate tetrahedral unit SiO^). The B form is 
composed of SiN^ tetrahedra sharing corners, (see Fig. 1.1) each 
nitrogen corner being conxnon to three tetrahedra . a-Si^N^ is built 
up in a similar way from SiN^ tetrahedra, but has an elongated structure 
(Lattice parameter c_ is nearly twice that of B-Si^N^). In the a form 
it is believed [3] that approximately one in every thirty nitrogen atoms 
is replaced by oxygen and to maintain electrical neutrality the equivalent 
number of silicon sites remain vacant.
Lattice Parameters a-Si3N4 B-Si3N4
a (nm) 0.7753 0.7608
c (nm) 0.5617 0.2911
Table 1.2. The unit cell dimensions of the two forms of SijN^ [/•]
The self-diffusivities of pure SijN^ and SiC are likely to be very 
small because of the covalent nature of their bonding, hence they are 
not easily densified by high temperature solid-state sintering used for 
oxide ceramics. Therefore silicon nitride ceramics were initially
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4prepared by nitriding silicon powder at elevated temperatures. This 
product is known as 'reaction-bonded' or 'reaction-sintered' Si^N^ and 
it contains both a and B Si^N^. In reaction-bonded materials, the 
required shape is first made from silicon powder (by isostatic pressing 
[s], flame spraying [6], slip casting [7] and injection moulding [8] etc), 
which is then nitrided in molecular nitrogen at about 1500°C. However 
there is a limit of about 10 mm to the section thickness [4] which can 
be nitrided. Normally the compacted silicon powder is partially nitrided 
to a machinable compact which is then machined to the final shape and 
is further nitrided for higher density. The original dimension of the 
machined compact remains virtually unchanged during the final nitriding, 
because the shrinkage due to the elimination of pores is closely matched 
by the volume expansion on conversion of silicon to silicon nitride and 
hence quite complex shapes can be obtained. However the final product 
contains about 25% porosity and therefore the components of this material 
are unsuitable for high stress-temperature engineering applications.
The work of Popper [9] showed that dense SiC could be produced by 
mixing SiC powder with a small amount of carbon and infiltering molten 
silicon, which bonds the grains together through a reaction and is known 
as "self-bonded" SiC. The dimensional change during the reaction is 
negligible and therefore has a fabrication advantage similar to reaction- 
bonded Si^N^. Different forms of self-bonded SiC are produced commercially 
(e.g. "Refel" SiC, KT SiC etc.) and they contain varying amounts of free 
silicon and free carbon. The strength of these materials at low 
temperatures is superior to that of reaction-bonded SijN^ ceramics but 
melting of unreactcd silicon causes a large drop in strength [4j at about 
1400°C. Very strong SiC has been produced by hot-pressing SiC powder 
with small amounts of 2% volume) at 2200°C [4] . These materials
salso exhibited strength degradation at high temperatures ('v 1300°C) 
and softening of grain boundary phase has been suggested as the reason 
for this [lOj .
1.2 Hot-pressed Silicon Nitride (HPSN)
In an attempt to obtain high density and high strength materials, 
in 1961 Deeley et al [llj discovered that fully dense Si^N^ could be 
produced by hot-pressing a-Si^N^ powder with a small amount of MgO 
(12 - 52) as an additive. Typically the powder is hot-pressed (''< 15 
MNm for one hour at a temperature about 1800°C to give a fine grained 
product (0.1-2 pm) of full density with fully transformed B-Si^N^. The 
details of the manufacturing process have been discussed by Lumby et al
_ I
[12]. Fully dense (3.18 Mgm J) HPSN are available commercially with
-2very high strength (^ 900 MNm ). These materials are very hard and 
complex shapes have to be diamond machined.
The mechanism for conversion of elongated a-Si^N^ to equiaxed 
8-Si^N^ and the role of MgO during the hot-pressing were not well under­
stood until recently [l3,14], It was suggested that the MgO additive 
reacts with free surface silica on o-Si^N^ particles to form a Mg-rich 
silicate. Si and N atoms from a-Si.N, are dissolved in this silicate 
liquid and reprecipitated aa 6-Si^N^, leaving a residual grain boundary 
silicate phase. The transmission electron microscopic observation [l4j 
of most 8 grains with faceted shapes and the presence of intergranular 
glass provided a strong evidence for this liquid phase densification.
The impurities (Ca, Al etc.) present in the initial materials may reduce 
the liquidus temperature and will accelerate densification. However, 
further studies [10,15,16] indicate that the impurities, in particular
Ca, in the starting materials are detrimental to high temperature 
properties of HPSN. Evidence QlO,17,18,19] suggests that the observed 
strength degradation above 1000°C in HPSN is due to the presence of 
the grain boundary phase which becomes a viscous fluid at high temperature 
allowing grain boundary sliding and associated slow crack growth.
At this point, the central problem faced by researchers was to 
find a way to eliminate the grain boundary phase or to make it more 
refractory. In attempting to obtain materials without the grain boundary 
phase a different manufacturing route was used. Thin layers (maximum 
'V' 1 mm) of Si^N^ [20] and SiC [2l] have been produced by chemical vapour 
deposition (C.V.D.) in the temperature range 1200°C - 1800°C. The C.V.D. 
materials are still at an experimental stage and the mechanical strength 
is not yet satisfactory.
Two approaches have been used to make the grain boundary phase more 
refractory. The first approach was to reduce the amount of impurities, 
in particular Ca, in the starting materials. This has led to the 
production of various high purity commercial grades such as HS130 and 
NC 132 (Norton Co.). The high purity HPSN showed some improvement in 
high temperature strength. However the properties of the low-impurity 
silicate phase (Mg-silicate) remained the limiting factor and gave rise 
to a fall in strength [a] above a critical temperature (1200°C). The 
second approach was to improve the refractoriness of the boundary phase 
by using a hot-pressed additive such as YjO^ l22J‘ To obtain a maximum 
strength it was found that larger amounts (10-15% Y^O^) of refractory 
additives are needed for hot-pressing. Although some improved properties 
have been demonstrated for the Si^N^ - Y^O^ additive system, a problem 
with strength degradation at 1000°C has been reported and further studies 
[23,2A] have shown that this behaviour is due to cracking of specimens
arising from severe oxidation of this refractory phase at 1000°C.
Therefore it is clear that high temperature strength of these 
strong ceramics is ultimately controlled by their relatively weak grain 
boundary phase. This phase mainly contains the metallic silicates 
derived from the hot-pressing and which is essential to obtain high 
density. However the recent developments in "Sialon" ceramics following 
the discovery [25,26] of solubility of A^O-j in Si^N^ have demonstrated 
the possibility of producing single phase materials using ceramic alloying 
techniques.
1.3 Si-Al-O-N Ceramics
"Sialons" are a series of compounds resulting from the substitution 
of aluminium for silicon and, simultaneously, oxygen for nitrogen 
within the B-Si^N^ crystal structure. This substituted B-Si^N^ 
(subsequently called 8') has an hexagonal structure similar to B-Si^N^, 
but with only a small increase in unit cell parameters a and £. The 
structural unit [27] of B'-sialon is (Si, Al) (0,N),.
The early sialon ceramics were prepared either by hot-pressing or 
pressureless sintering a suitable mixture of the stoichiometric compounds 
a-Si^N^ and Al^O^. However these materials were not single phase [28] 
and Lumby et al [29] showed that by adding an increasing amount of AIN 
to Si^N^-AlN-SiOj mixtures, the excess surface SiOj can be balanced to 
give single phase materials. Similarly, mixtures of Si^N^, Al^O-j, Si02 
and AIN or mixtures of any three components (Fig. 1.2) can be hot-pressed 
to give single phase S'* sialbns. (The single phase region is marked 8“). 
These balanced compositions are approximately identifiable with general 
formula Si^_xAlxOxNg_x [29] where x gives the Al substitution level and
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8a series of materials can be obtained for different x values up to x « 4  
(maximum possible Al"*+ substitution level). The unbalanced compositions 
would give second phases which were identified [3oJ as AlN-polytypes 
(15R, 12H, etc.) and X-phase. (Fig. 1.2)
A significant feature of this balanced composition is the increased 
difficulty of densification, particulary for small x values. To over­
come this difficulty a small amount of metal oxide such as MgO was added 
as a hot-pressing aid. The densification mechanism is similar to the 
solution-reprecipitation mechanism previously suggested for HPSN ceramic 
[13,14] with some modifications [3l]. The initial liquid formation is 
mainly due to the reaction between surface silica and AIN at about 
"v 1600°C. a-SijN^ is progressively dissolved in the silicate liquid 
and reprecipitated as S' sialon. The presence of MgO enhances the 
liquid formation and accelerates the densification rate by lowering the 
liquidus temperature of the silicate. Using metal oxides such as Mn^O^ 
the densification can be further improved by lowering the liquidus 
temperature and viscosity of the silicate.
These balanced sialon ceramics showed a dramatic improvement in 
creep resistance 129J. This indirect evidence for reduction in residual 
second phase at B' grain boundaries has been confirmed by Lewis et al 
(?lj using transmission electron microscopy. This provided some 
motivation to produce more single phase ceramics and a series of carefully 
balanced sialons were hot-pressed with different additives (at Lucas 
Research Centre).
The present research work has been carried on from this point to 
understand the structure, deformation and fracture processes associated 
with grain boundaries in these nominally single phase ceramics composed 
of intrinsically-strong covalently bonded crystals.
91.4 Objectives of the Research Programme
One of the key questions in ceramic alloy development is the extent 
to which one can improve intercrystalline cohesion by removing residual 
grain boundary phases in order to improve mechanical properties and, 
in particular, the resistance to sub-critical crack growth at elevated 
temperatures. This microstructural limit has already been approached 
[31.1 in hot-pressed sialon ceramics which have a carefully "balanced"
0/N ratio to achieve the single phase condition, but with inevitably 
increased difficulty in densification. It has been shown by Auger spectro­
scopy [3l] , that these nominally single-phase 8' materials contain 
"segregate" intergranular layers which contain atoms of the densifying 
aid and of accidental impurities. One of these materials (specimen A in 
the present study) has been shown previously [32] to retain the problem 
of sub-critical crack growth above a threshold temperature which shows 
little improvement over the earlier silicon-nitrides which contain an 
intergranular glass phase. However, the preliminary Kjc-temperature 
study in the present programme revealed a marked difference in behaviour 
between the single phase sialon ceramics with different additives. This 
indicated that this difference in behaviour with additive chemistry would 
be clearly demonstrated in crack-propagation (Kj-V), creep behaviour and 
in high resolution electron microscopy. The aims of this research 
programme were therefore:
1. To make a detailed ultramicrostructural study of the ceramic
grain boundary in carciully balanced sialons using (a) conventional 
diffraction contrast and high resolution lattice imaging of 
neighbouring grains, and (b) Auger electron spectroscopy of 
intergranular fracture surfaces.
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2. To identify the high temperature deformation mechanisms
for sialon ceramics with different additives via, determination 
of creep parameters (stress exponent - n and activation energy 
for creep - Q), examination of the microstructure of creep 
specimens, and to correlate with the grain boundary structure 
and chemistry analysed in (1).
3. To determine the influence of additive/segregate type and 
concentration on the susceptibility to sub-critical crack 
growth and on the magnitude of Kjc. To determine the fracture 
mechanisms in detail it was hoped to extend this study to 
determine crack propagation data (stress intensity exponent - n 
and activation energy for crack propagation - Q) over a 
temperature range close to the decomposition point of these 
materials and to correlate with the microstructure obtained in 
( 1 ) .
U. Finally, combining (1), (2) and (3) to answer the key question 
raised at the beginning of this section and to make some 
suggestions for further development of these ceramics with 
improved high temperature properties.
CHAPTER TWO
A REVIEW OF HIGH TEMPERATURE DEFORMATION AND 
FRACTURE OF CERAMICS
In this chapter various high temperature creep and fracture mechanisms 
are discussed, with their application to different ceramic systems. In 
creep the main emphasis is given to diffusional mechanisms because they 
are the most probable rate-controlling mechanisms operating in fine­
grained ceramics with low dislocation mobility, similar to materials 
studied in this progranme.
2.1 High Temperature Creep
The plastic deformation of a material over extended periods, under 
the action of a constant load, which is often considerably less than the 
fracture level, is called creep. This time-dependent deformation occurs 
in ceramics mainly at elevated temperatures, and usually follows the form 
generally accepted for metals. A transient or primary creep, in which the 
creep rate decrases with time, is followed by a steady-state period where 
the creep rate is constant. There may be a short third region of 
accelerating creep prior to the failure of the material. In some instances 
polycrystalline ceramics may exhibit steady state behaviour immediately 
on application of the load without a primary stage. Creep curves of this 
type arc characteristic of deformation mechanisms, which do not require 
the formation of substructure, such as diffusional creep. This behaviour 
has been observed in polycrystalline NaCl [33].
Primary stage creep is often small compared to steady-state creep, 
which may extend over a long period of time before failure, under typical
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stress and temperature conditions for a structural component. Therefore 
a better knowledge of the precise deformation mechanism occurring during 
steady state creep is essential. Laboratory creep tests are normally 
undertaken to correlate the steady-state creep behaviour with that 
predicted by one of several specific creep mechanisms.
2.1.1 Deformation Mechanisms
A polycrystalline ceramic material can undergo deformation by several 
different mechanisms. If the temperature is high enough it may deform 
by diffusional flow of matter from boundaries which are under compression 
to those under tension. In 1948 Nabarro [34] and in 1950 Herring [35] 
analysed the problem of grain elongation by stress directed lattice diffusion 
and obtained the following relation for steady state creep rate (c) of a 
polycrystalline solid- 140D.O
é - ---(2.1)
kTd
where a is the stress, is the lattice diffusion coefficient, ft the 
molecular volume,d grain size and kT has it's usual meaning. In 1963 
Coble [36j made a similar calculation, but assumed diffusion along the 
grain boundary and obtained the following relation for steady state creep 
rata.
14nofi6D.
i ------(2.2)
kTd
where 1)^  is the grain boundary diffusion coefficient and 6 is the 
effective grain boundary width. Coble creep has a stronger grain size 
dependence than Nabarro-Hcrring creep, but a similar linear stress 
dependence. Nabarro-Hcrring and Coble creep have been reported for many
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polycrystalline ceramics. (See Table 2.1).
However, Nabarro, Herring and Coble only considered the creep of a 
single grain in a polycrystalline solid. In 1963 Lifshitz [37] analysed 
diffusional flow in a dense aggregate of grains and showed that grain 
boundary sliding is required to maintain compatibility at all grain 
boundaries. Kaj and Ashby [38]have studied this process of sliding with 
diffusional accommodation and obtained identical relations for Nabarro- 
Herring and Coble creep. They pointed out that the stress directed 
diffusion and sliding processes are not independent. For boundary sliding 
to occur, it must be accommodated by diffusional deformation of grains.
According to the above creep models stress-directed diffusional 
flow will cause grain elongation and increase the diffusion distances 
which may result in a gradual effective hardening as deformation proceeds. 
It has been shown by Ashby and Verrall [39], based on a "diffusion- 
accommodated flow" model, that the polycrystals could undergo deformation 
without elongating their grains, if significant rearrangement of the 
grains occur by changing their neighbours and rotating. In this model, 
the volume of matter transported by diffusion per unit strain and 
diffusion distance are far less than that for earlier models and therefore 
the creep rate is faster. The strain rate expression was similar to 
Nabarro-Herring and Coble equations, but the coefficient was higher by 
a factor of about 7. Several other models [40,4l] have been suggested 
to explain the topological changes during diffusional creep. However 
in a real polycrystal, in three dimensions, the grain rearrangement may 
be much more complicated than described in these models. Ashby and Verral 
claimed that their idealized model contains the essential physics involved 
in a real case even though the exact calculations are exceedingly difficult.
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A number of qualitative features of this model appear to be supported 
by experiment [42,43].
The initial consideration of diffusional creep was for single 
component materials and so the theories were most directly applicable 
to pure metals. However these theories can be applied to ceramic systems 
by using effective diffusivities and atomic volumes [44,45]. In oxide 
ceramics both cations and anions must participate in the diffusive process 
and, in the steady state condition, the total flux of the two components 
must be in the stoichiometric ratio ¡44,45], The other complication is 
that the two atomic species may diffuse along different paths. The 
observed creep rate is then determined by the movement of the slower 
diffusing species along the fastest diffusion path. Hence four possible 
rate controlling mechanisms exist in the diffusional creep of two 
component materials (e.g. MgO, Al^O^, NaCl) and the temperature and grain 
size determines which mechanism will be dominant.
As the stress is increased at high temperatures dislocations become 
mobile and the creep rates will obey a 'power-law' relationship rather 
than a linear stress dependence. In this region the creep rate is 
controlled by dislocation mechanisms such as glide and climb and the 
steady state creep rate can be well described by the semi-empirical power 
law equation [46]
l
A D Cb v
kT V (2.3)
where C is the shear modulus, b is the Burger's vector and the bulk 
diffusion coefficient. The stress exponent n has been related to the 
nature of specific dislocation creep mechanisms [46-48] and n values 
normally found to vary from * 3 to •v 5. There is no grain-size dependence 
in dislocation creep.
I S
Polycrystalline ceramics can therefore deform by a number of 
different processes, depending on the microstructure (grain size etc.) 
and the range of stress and temperature considered.
2.1.2 Deformation Mechanism Maps
A useful way of presenting this data is in the form of a diagram
which is generally known as a 'deformation mechanism map'. There are
three different types of maps based on, (i) constant grain size,
(ii) constant temperature and (iii) constant stress. These maps can be
constructed using actual creep data or theoretical equations for each
process if the requisite diffusion parameters are known. Detailed
procedures of constructing these maps have been described elsewhere
[4 9 -5 2 ]. Fig. 2.1 is a constant grain size (10 urn) map for polycrystalline
MgO [53] and normalized shear stress T/c (G-shear modulus) is plotted as
a function of homologous temperature T,,T (T - absolute meltingm m
temperature). The deformation mechanisms which are dominant in a 
particular stress-temperature region are shown as fields. The heavy lines 
on the map are the boundaries between fields, and these are the loci of 
points where the two adjacent deformation mechanisms have equal strain 
rates. The thin lines are contours of constant strain rate.
- 3
It can be seen that at high stress levels (shear stress > 5 x 10 C)
the dominant deformation process in polycrystalline MgO is controlled by
dislocation movement. At stress levels below this, movement of dislocation
is difficult and deformation is controlled by diffusional mechanisms.2-
The diffusional creep process changes from Nabarro-Herring (0 lattice
2-  2♦diffusion) at high temperatures to Coble creep (0 and Mg boundary 
diffusion) at temperatures below 0.42 T^. Generally this transition 
temperature increases with decreasing grain size due to strong grain
i
I
[
T e m p e ra tu re  <°Cl
Fig. 2.1: Deformation medianiam map for MgO at a Constant 
grain size o£ 10 pm [53].
I
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size dependence of Coble creep. In this way a considerable amount of 
information can be presented on a single diagram. For given stress and 
temperature the map gives both the steady-state creep rate and the rate 
controlling mechanism.
2.1.3 Identification of the Rate Controlling Creep Mechanism
It is difficult to identify the rate controlling creep mechanism 
by comparing experimental stready state creep rate with the theoretical 
rates which are predicted by various mechanisms mentioned earlier. For 
example, diffusion coefficients or effective widths of grain boundary 
for Coble creep are not known very accurately. Therefore this direct 
comparison does not provide an immediate identification of the creep 
process. However the rate-controlling mechanisms can be identified by 
comparing the experimental values of macroscopic creep parameters with 
the theoretical values predicted by various mechanisms. The steady state 
creep rate is often expressed by the generalised rate equation
where Q is the apparent activation energy (which contains the diffusion 
term D) for the creep mechanism, n and m are stress (o) and grain size 
(d) exponents, respectively. A is a constant and RT has it s usual 
meaning. Particular integer values of n and m charcterise different creep 
mechanisms (Eq. 2.1 - 2.3). These integer values together with examples 
for each creep mechanism are sumnarized in Table 2.1.
(2.4)
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n m
Rate Controlling 
Creep Mechanism Examples with References
i 2 Nabarro-
Herring
MgO [54-58] BeO 159] A1 0 160,6 1 ]
U02 [43]
i 3 Coble MgO [58-63] (Fine grained Fe-doped) 
SiC |_64J , U02 [_43] (Fine grained) 
NaCl [33j (coarse grained)
A12 0j [65,66] (coarse grained)
-v-3 0 Dislocation
Movements
MgO [67-70], A12 0 3 [71,72], BeO [73] 
UC [74]
*.5 0 Dislocation
Movements
KC1 [7 5] 
LiF [76]
Table 2.1: Predicted values of n and m for various creep mechanisms and 
examples.
(If the grain boundaries do not act as perfect sources and sinks for 
vacancies, exponent values may change in diffusional creep to n ■ 2 , 
m “ 1 at very low stresses and deformation becomes interface-reaction 
controlled [77,78,39]).
Experimentally n is determined by obtaining the dependence of creep 
rate on stress, keeping other variables constant in equation 2.4. Similarly 
m can be determined if it is possible to vary the average grain size of 
the test material. Finally, the atomic species which controls the 
diffusion process can be identified by comparing the creep activation 
energy with that for the diffusion process. There are several problems 
associated with this comparison because of the uncertainty of diffusion 
coefficients for many ceramic systems.
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2.1.4. Creep Deformation of Related Polycrystalline Ceramics
A substantial amount of data exists on creep of polycrystalline 
ceramics, particularly pure and doped polycrystalline MgO and Al^O^. 
Different rate-controlling mechanisms have been identified for these 
two materials under different creep conditions, and are summarised in 
Tables 2.2a and 2.2b.
(a) MgO
In general, Coble creep has been observed in fine grained Fe-doped
materials and Nabarro-Herring creep in intermediate grain size (20 pm)
materials at higher temperatures. In most of these tests [56,58] the
occurrence of simultaneous grain growth has complicated the interpretation
of an exact diffusional mechanism. Some workers ¡58,84] have reported
that impurities, notably Fe^+, promote this diffusional deformation.
The trivalent Fe ions increase the vacancy concentration in the MgO 
3+ 2+crystal (two Fe ions replace three Mg ions for electrical neutrality)
and enhance the diffusivity. In Nabarro-Herring creep the rate-controlling
diffusion species appears to be Mg ions [56] which is an unexpected
behaviour (see the deformation mechanism map Fig. 2.1) since the oxygen
ions are known to be the slower diffusing ions in MgO lattice and should
therefore be rate controlling. To overcome this anomaly it was suggested2+that oxygen diffuses along the grain boundary faster than Mg diffuses 
through the lattice [53].
_2
At higher stresses (> 120 MNm ) and larger grain sizes (> 70 pm) 
the deformation is dominated by dislocation creep mechanisms characterized 
by a third-power stress dependence.
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(b) A 1 2 0 3
There are many similarities in creep behaviour, between Al.,0^ and 
MgO. As in the case with Fe^+ doped MgO, A^O^ showed enhanced creep 
rates [6 l] with increasing amounts of either divalent or tetravalent 
impurities [l'e^ + .and Ti^+|. As expected, trivalent impurities such as 
Cr2 0 3  added to Al-^O^ showed similar creep rate to that of pure Al.,0^
[61]. Many workers have identified A1 lattice diffusion as rate
controlling, which is also contrary to the expected behaviour since
2- . . .  ,0 is the slower diffusing ion in A12 03< As for MgO this requires
faster diffusion of oxygen along the grain boundary.
Crosby et al [8l'J suggested the possibility of simultaneous operation
of several creep mechanisms, due to the non-integral values of both the
stress and grain size exponents observed for pure and Ni-doped A^O^.
More cavitation and microcracking were observed in Ni-doped material
than that in pure material and this has been suggested as the reason for
a higher activation energy observed in Ni-doped material. The cavitation
could also lead to non-integral stress exponents (n > 1). The non-integral
values of the grain size exponent (2 < m < 3) indicate some mixed
contribution of boundary and lattice diffusion to the deformation and this
situation could arise if the grain sizes, stress and temperature at which
m is determined fall in a transitional region of mechanisms.
As in MgO, at larger grain sizes (> 70 pm) and higher stress the
deformation is dominated by dislocation creep mechanisms characterized
by third power stress dependence.
(c) SiC
Creep of hot-pressed polycrytalline SiC [64,82] in four point bending
has been investigated in the temperature range 1900°C to 2200°C and 
*2 “2stresses between 21 MNm and 207 MNm on 26 pm grain size material.
A linear dependence of creep rate on stress and an activation energy of
20
306 63 kJmol was determined for the creep process. Neither grain
growth nor cavitation were observed after the deformation. Therefore 
the authors concluded that the creep process is diffusional and suggested 
that grain boundary diffusion of carbon is probably rate limiting.
Recently Seltzer 18 3] performed compressive creep on similar commercial 
material (NC 203) at 1400°C and stresses between 275 - 550 MNm 
Limited data show that the rate controlling mechanism is diffusional 
(n - 0 .8 8 ).
Creep of 'Refel' SiC has been studied by Marshall et al 18 5] in 
four-point bending in the temperature range 1000°C - 1200°C and steady- 
state creep has not been observed. They found a stress exponent n “ 1 
at 1000°C and n * 2 at higher temperatures. The activation energy for 
this primary region was 230 +_ 80 kj mol and normally lower than that 
for the secondary region. In this material micro-cracks were observed 
on the tensile side of the specimen after creep testing. A clear mechanism 
was not proposed, but it was pointed out that free Si could play a useful 
role in accommodating grain boundary sliding. A tensile creep study [8 6 ] 
of 'Refel' SiC shows primary and secondary creep between 1200°C and 
1400°C, but above 1400°C no creep was detected, and failure was brittle.
The derived activation energy from the primary process was very low 
(117 kJ cal mol )^ and no clear mechanism has been suggested, but it was 
concluded that creep of 'Refel1 SiC is governed by free silicon present 
between the grains.
2.1.5. Creep in Si^N^
Creep behaviour of Silicon Nitride has been studied by several 
investigators. Kossowsky et al [87] have performed tensile creep on 
coimnercial hot-pressed silicon nitrides (Norton HS 130 and HS 110) in 
different environments. They obtained stress exponents n " 2 at 1149°C
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and n = 4.8 at 1315°C in air and n = 3 at 1260°C in He for stresses -2between 40 - 100 MNm , for high parity material (HS 130). Values of 
the activation energies of 535, 630 and 546 kJ mol 1 were obtained for 
HS 130 tested in air, HS 130 in He and HS 110 in He respectively. The 
creep mechanism is described as grain boundary sliding of rigid grains 
controlled by viscous flow of the grain boundary glass phase. This 
view was supported by the fact that the activation energy for creep 
deformation is in good agreement with that for viscous flow of silicate 
glasses ('v 600 kJ mol )^. This boundary phase was identified [l6] as a 
silicate of magnesium, containing Ca, Al, Na and K,using Auger electron 
spectroscopy. Many workers [16,88,89] have indicated that dislocation 
motion in Si^N^ is unlikely to occur at temperatures below 1700°C.
Evans et al |90] and Kossowsky [9l] have observed very low dislocation 
densities in HPSN using electron microscopy. It has also been 
observed by Kossowsky et al [87] that there was no change in the density 
of dislocations before and after creep deformation. They pointed out 
that if the dislocations were mobile at temperatures below 1400°C their 
contribution to the total strain could not exceed 10  ^which is a few orders 
of magnitude less than the observed creep strain. Therefore, the non- 
Newtonian (n > 1) character of sliding was explained as a consequence of 
local stress increase due to intergranular cavitation. However, the 
effect of cavitation on temperature variation tests, hence possible higher 
apparent activation energy has not been considered. They presented a 
simple model (rigid grains separated by a viscous grain boundary film) 
and obtained an expression for creep life time and found a reasonable 
agreement between measured value and predicted value. Based on this 
model they explained the higher creep rate in air than in He in terms of 
capillary feeding of surface silicate down the intergranular region.
Four-point bend creep of hot-pressed Si^N^ (Norton HS 130) in the 
temperature region 1200°C - 1400°C has been investigated by Salah Ud din 
and Nicolson [92], They have reported an activation energy of 588 kj mol  ^
and a stress exponent of 1.7. Triple point voids and, in some cases, 
adjacent dislocation activity were observed and therefore grain boundary 
sliding with some accommodation by dislocation movement was suggested as 
the creep mechanism. They also suggested that the non-integral value 
of stress exponent is due to this "mixed" mechanism.
Birch and Wilshire [93] and Zeltzer [83] have recently reported 
results of compression creep tests on HPSN in the temperature range 
1300°C - 1400°C. An activation energy of 650 - 700 kj mol * and stress 
exponent of 1.8 to 2.4 have been reported and they are similar to those 
reported in tension and in bending. The accommodation of sliding by 
grain boundary microcrack development was described as the rate controlling 
process. This was further supported by the observation that a ten-fold 
difference in stress is required to obtain the same creep rate in 
tension and compression [93,94]. In the compression test the maximum 
tensile stresses developed are only about one tenth of the applied compressive 
stress [95] and the formation of grain boundary cavities and cracks 
depends on the tensile stresses developed across the boundaries.
Creep measurements of reaction bonded SijN^ have shown higher creep 
strength than hot-pressed material under similar test conditions. Some 
workers [83,93,96| have reported similar values for n and Q and some [97] 
have reported slightly lower values for n and Q than hot-pressed 
materials. However the triple point cavitation and non integral stress 
exponent values indicate the similar behaviour of the two materials at 
high temperatures.
2.1.6. Summary
It can be seen that much of the creep data found in the literature 
for fine grained ceramics is not characterised by exact integer values 
of n and m. If deformation is accompanied by cavitation (this is the 
normal behaviour of many ceramics) it would give rise to higher values 
of n and Q, which may lead to a wrong interpretation of creep mechanism. 
The occurence of grain growth in some materials during a creep test 
could add further complications. However, many doubts can be clarified 
by incorporating electron microscopic observations, particularly 
examination of the specimens after the creep tests.
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2.2. HIGH TEMPERATURE FRACTURE
Two types of fracture normally occur in ceramic materials; brittle 
fracture and delayed fracture or static fatigue. Brittle fracture occurs 
by rapid extension of pre-existing flaws at the fracture stress. Delayed 
fracture is caused by slow extension of flaws, and occurs at stress levels 
below that for catastrophic failure. Normally, in ceramics, slow crack 
growth occurs at elevated temperatures, but in some cases it occurs at 
room temperature in a particular chemical environment.
2.2.1 Fast Fracture
2.2.1 (a) The Concept of the Critical Flaw
The fracture strength of a given material is not in general highly 
reproducible and depends on the specimen dimensions and test technique.
In practice the measured fracture strength is a few orders of magnitude 
lower than that of the theoretical value. This discrepancy was first 
explained by Griffith [98] in 1920, pointing out that flaws in brittle 
materials can act as stress concentrators. This localized stress can 
exceed the ideal strength of the material and can cause fracture, even 
under a low applied stress. The fracture strength of brittle materials 
is therefore determined by pre-existing flaws. In general flaws arise 
during the preparation of specimens and occur mainly in the surface of 
the material and are widely and randomly distributed in size, location 
and orientation. Although the equivalence between grain size and flaw 
dimension is not well established, a few investigators have reported 
[99, IOO] that this assumption gives good strength correlation. However 
in SijN^ and SiC the flaw size is much larger than the grain size [4 ].
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The statistical nature of the distribution of flaws explains the 
scatter of results normally found in the strength of brittle materials. 
As a result, statistical theories of flaws have received a great deal 
of attention.
2.2.1 (b) Statistical Approach
The basic concept in the statistical approach is that the specimen 
fails when the stress intensity at the flaws reaches the critical value 
for crack propagation. The first important contribution to statistical 
analysis was made by Weibull [lOl]. In recent years, progress has been 
made in incorporating other factors such as microstructure [l02] and 
slow crack growth [l03] into Weibull's weakest-link theory.
In Weibull analysis the probability of failureP of a specimen 
subjected to a stress a is given by [a ]
1 - exp
Q 1 Q m- J 0 dv
V
°
o > a (2.5a)
P - 0 5 0 °v (2.5b)
where is a threshold stress below which the failure probability is 
zero, ag is a normalising factor and m is known as the Weibull modulus, 
m measures the scatter in the strength data and a high value of m describes 
a more consistent material. Application of this theory to test specimens 
or to specific components in a standardised way can be achieved by making 
several assumptions. These assumptions and methods for determination of 
Weibull parameters from strength data have been discussed by Edington 
et al [Aj and Stanley et al [ 102].
There are some limitations to the statistical approach [lOA].
Firstly the random distribution of flaws may vary from specimen to 
specimen, especially in samples subjected to different treatment, e.g. 
mechanical polishing, chemical etching etc. Therefore, no generalized 
statistical theory can be expected to hold for all materials. Secondly,
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the most dangerous flaws will lie in the tail of the distribution curve 
and accuracy of prediction is very low. Finally, the statistical approach 
does not provide enough information (temperature, environment etc. effects) 
to understand the physical nature and origin of the fracture process.
2.2.1. (c) Fracture Mechanics Approach
From the critical flaw concept, two approaches have been evolved.
The first approach is based on the suggestion that the creation of a new 
surface is the only mode of energy dissipation when the crack propagates. 
This approach led to the familiar Griffith equation [98] ;
( 2 .6)
where « fracture stress, E * Young's modulus and y is a geometric 
factor determined by flaw and specimen geometry and loading configuration. 
The second approach, which led to a similar equation, considers directly 
the stress concentration in the vicinity of the tip of a flaw. However 
Orowan [l05] pointed out that in general y is not the true surface energy 
as assumed by Griffith, since other energy dissipation mechanisms operate 
in fracture processes. To avoid this confusion Irwin [l06j, replaced 
the surface energy term in the Griffith equation by the strain-energy 
release rate (or crack-extension force) Cj, including all possible energy 
release mechanisms, (j increases with crack length until a critical 
value is reached, at which the crack becomes unstable and propagates 
rapidly in brittle manner. Hence the Griffith relation can be written
This analysis was further developed by the introduction of a stress 
intensity factor K, related to J.
According to fracture mechanics theory the tensile stress normal 
to the crack plane near the crack tip (r, 0) is given by [l07]
0 . / ™  6 0 3e
o = ------  . Cos ■=■ (1 + sin -r. sin -*-) + ... (2.8)/«   ^  ^ l/2tt r
where is the applied stress and (r, 9) are polar co-ordinates centered 
at the crack tip.
It can be seen from this equation that the stress intensification 
near the crack tip is determined by the quantity Oa/na • This quantity 
is defined as stress intensity factor, K. Hence, for a small internal 
crack in a tensile body:
K ■ o /ita (2.9)a
In general, K -  o^y/a (2.10)
where y is a numerical constant which depends on the geometry of both 
the loading system and the crack. Therefore, whatever the geometry, the 
stress field close to the crack tip is entirely characterized by K.
For mode I (Fig. 2.2) crack opening, the stress-intensity factor 
is denoted by K^. There are two other modes |_104*] ; Mode II (sliding mode) 
and Mode III (tearing mode). Most of the crack propagation studies in 
ceramics have been confined to the opening mode (Mode I).
1
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Fig. 2.2. Mode 1 (opening mode); Normal separation of crack surfaces
under the action of tensile stresses. J
28
For the plain strain condition, i.e. mode I crack opening, (J j 
and are related by the equation
Si
2 2 (1 - v )K| ( 2 , 11)
where v is Poisson's ratio.
K, has a direct relationship with C and therefore there will be 1
a critical value related to at catastrophic failure.
2.2.1. (d) The Critical Stress Intensity Factor Klc
Both and measure the resistance of a material to high speed 
crack propagation. Unlike the "fracture stress" Klc is insensitive 
to surface flaws and to measurement techniques. Therefore Kjc is a 
true material parameter. In general Kjc has received most attention as 
a parameter to characterise the basic fracture resistance of a pre­
cracked specimen, and in comparing fracture toughness of different materials 
There are several other alternative parameters such as critical crack 
opening displacement |j08] and Jjc-integral fl09] which can be used to 
express fracture mechanics measurements. These parameters are related
to K, and are suitable for materials which exhibit substantial crack­le
tip plasticity. The materials used in the present study are brittle
and hence the K^c approach is appropriate.
There are several microstructural variables which can affect K- .lc
The effect of grain size is not clear. Data related to this shows an 
increase [lio] in Kjc as well as decrease [ill] in K^c with increasing 
grain size. Some workers have reported that Kjc is independent £ll2,113] 
of grain size. The role of grain morphology is more significant and higher 
Kjc values may result if grains have large length/width ratios. This
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has been observed in hot-pressed Si^N^ £l8] containing elongated 
a-Si^N^, and A ^ O ^  Qoo] ceramics. Porosity has a relatively small 
effect on and intergranular porosity generally tends to reduce 
it [45]. Other variables that effect K^c are impurities, second phases 
and 'in-situ' transformations which modify the stress intensity at the 
tip of a propagating crack.
The influence of temperature on K^c has been investigated by several 
workers on different ceramic materials ]19,32,114,115]. A rapid rise in 
Kjc above 1000°C has been observed for most of the materials (SiC Ql5] 
has shown a slight decrease above 1000°C). The onset of viscous 
deformation of the grain boundary phase of these materials above this 
temperature, is thought to be responsible for this rapid increase and 
a model has been suggested [ll6] based on the grain-boundary sliding- 
assisted slow crack growth.
2.2.2. Slow Fracture
It is well known that brittle materials loaded to stresses lower 
than the instantaneous fracture strength can fail some time after the 
application of load. This time-dependence of strength is known as 
'delayed-fracture' and occurs in metals, plastics and glasses as well 
as in ceramics. This phenomenon occurs as a result of slow growth of 
cracks below the fracture stress. To avoid structural failures it is 
essential to have thorough understanding of the mechanisms that controls 
the crack growth and also the extent of crack growth, under the operating 
conditions. One means of gaining this understanding is through fracture 
mechanics, and the knowledge can be used to improve the design criteria 
of structural components and also to develop better materials with high 
resistance to slow crack growth.
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2.2.2. (a) Slow Crack Growth and the K^-V Relation
The stress intensity factor K^ at the tip of a inherent flaw 
under the applied stress (o ) increases with crack growth (K. « o y/a)3 l a
and when it reaches the critical value Kjc > catastrophic failure occurs. 
This crack growth below the critical value K ^  is often known in the 
literature as subcritical crack growth or slow crack growth.
The stress intensity factor is the controlling mechanical parameter 
for crack extension and it has been established that for most slow- 
crack growth processes there is a unique relationship between crack 
velocity V and stress intensity factor at the tip of the crack Ql7-12l]
Log V
Fig. 2.3. Four regions of slow crack growth in Kj-V diagram.
A maximum of four regions of slow crack growth have been observed 
in this relationship (Fig. 2.3) prior to catastrophic failure Q-22"). In 
many materials a minimum stress intensity (KjQ) is required to promote 
slow crack growth [l22] . In regions I and III V increases as Kj increases. 
Various equations have been suggested to describe the Kj-V relation for
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these two regions. Some of these were suggested on the basis of 
theoretical models of crack growth and others were suggested because 
they give good empirical fits of the experimental data.
In region II (plateau region) crack growth is stress independent 
(V i f(Kj)]. This region is purely due to an environmental effect and 
diffusion of corrosive species to the crack tip is rate controlling.
This region has been observed at low temperatures in many silicate glasses 
in water [123,124], polycrystalline alumina in humid air and toluene 
[l25], porcelain in water [l26] , and sapphire in humid air [l27] .
At elevated temperatures slow crack growth can occur in ceramic 
materials in the absence of an adverse environment. The empirical 
relation V ■ A Kj” has shown a very good fit for many slow crack growth 
processes in a variety of materials including ceramics |_19,115,125] . 
Parameters A and n are constant for a given temperature and environment 
and n measures the extent of slow crack growth. The general form of 
crack growth relation can be expressed as QlS]
V - a Kj" exp (2.12)
where a is a constant and Q is an activation energy for crack propagation.
The parameter n also can be evaluated from indirect experiments such 
as dynamic fatigue [\o] and delayed fracture [114,128],
2.2.2. (b) Failure Prediction
The most important engineering application of a K^-V diagram is the 
prediction of failure times of ceramic components under operating 
conditions. The failure time t^ at constant stress is given by QA5]
tf
2
n ------0 y A(n-2) (2.13)
1 1
vherw Kj, in the i n i t i a l  lire«« intensity  farter at l i e  H i t  in l t l ir i iM «  flaw, fa i lu r e  time under variable s tr e s s ,  temperature and runktant velocity  can be obtained in a simitar way.
Once the crack propagation data have been obtained (n, A and k ( .) 
then the failure liiae ia determined only by or initial flaw aiae.
To evaluate three baaic appruatliea are available, sieiisiital, (law 
detection and proof testing. The proof testing aeetaa to be the amat 
effective technique for ceramic systems (*129].
2.2.2. (c) Slow Crack Growth Mechanisms
Several mechanisms have been suggested to explain the high temperature 
slow crack growth process in polycrystalline ceramics, but the theoretical 
basis for quantitative prediction of crack growth is not well-established. 
Those mechanisms can be divided into three groups; theories based on 
(i) crack tip plasticity (ii)diffusional mechanisms and (iii) thermally 
activated bond rupture.
Two main forms of plasticity related to slow crack growth can occur 
in ceramic materials; dislocation-assisted slow crack growth and grain 
boundary sliding - induced slow crack growth. A model for the dislocation- 
related process has been developed by Evans |*llf>] assuming that grain 
boundaries act as dislocation sources. However, the K^-V relation based 
on this model does not provide a correct quantitative prediction of 
crack growth. Slow crack growth data obtained on alumina have shown a 
qualitative consistency with this model fll6] .
Slow crack growth can also occur, by grain boundary sliding and a 
model has been suggested by Evans [llhj based on sliding of rigid grains 
separated by a viscous grain boundary film. Grain boundary sliding 
occurs adjacent to the crack tip due to high tensile stress field and 
intergranular cracks form ahead of the primary crack. The crock extension
J J
occur* by the linking of these secondary crack*. The detailed analyai* 
led to a functional relatlonihip between V and Kj with the Kj-expunent 
equivalent to the *tre** exponent in the eliding equation. Thi* predicted 
Kj-exponent i* rather xswII compared to experimental value* in Miany 
ceramic*. However thi* model wax used to explain the «low crack growth 
in SijN^ [l‘*.!!<>]. SiC [l I '• ] and AI^Oj |_1 Jo] at elevated temperature*.
Hechanixm* for aubcritical crack growth involving diffusion have 
been proposed by Steven* and Dutton [l3l] and by Haaaelman [l32]. Steven* 
and Dutton f 13I^J obtained crack growth relation* for three possible transport 
mechanism* (bulk diffusion, surface diffusion, and evaporation/condensation) 
assuming that the driving force for the crack motion is the difference in 
chemical potential between the highly stressed atoms at the tip of the 
crack and those in the bulk of the solid. They compared the theory with 
high temperature (950°C - 1900°C) data on alumina and found that at low 
stress levels the surface diffusion mechanism and at high stress levels 
the evaporation/condcnsation mechanism reasonably describe the crack 
growth behaviour in alumina.
Finally, the thermally activated bond-breaking process is considered 
as an alternative mechanism for slow crack growth. Thomson et al Ql33] 
considered the discrete nature of the atomic configuration at the crack 
tip. They found that a critical stress is required for a crack extension 
and a second lower stress for crack healing.The crack is stable between 
these two stresses and this region is known as the "lattice trapping" 
region. However, if thermal activation is sufficiently high the trapped 
crack can move forward by overcoming the barrier resisting the bond 
rupture.
Although the complete analysis of this approach has not yet been 
developed it has been suggested that this process is responsible for 
the vacuum slow crack growth in sapphire [l34] and several glasses [.135],
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2.2.3. Test Methods - and the K ^ V  Relation
There are aeveral teat methods available for the determination of 
K jl. and the Kj-V relationahip. Recently, these teat methods have been 
reviewed by Evans [lib] and Evans and Lmngdon [45] and are sunmarised 
in tablo 2.3. These test methods could be selected according to the 
material availability, machining capabilities and test facilities, hue 
to simplicity in machining and testing the bend teat is widely used in
measuring K, .lc
The mathematical relationship between Kj and the experimental 
parameters of applied load, specimen geometry and elastic constants 
is obtained cither from compliance calibration or analytical methods 
(finite clement method etc). The specimens in which Kj is independent 
of crack length, (constant K specimens) have extensive application in 
ceramic systems. Three specimens of this type are available; the 
tapered cantilever beam [l37] the double torsion [138,139] and the 
constant moment [140]. The simplest specimen to machine and test is 
the double-torsion which has an advantage in eliminating many difficulties 
inherent in measuring fracture parameters in ceramic materials at 
elevated temperature. Conventional slow crack growth measurements require 
continuous monitoring of crack length, using optical [123,127], electrical 
resistance [l4l] and crack opening displacement [142]. None of these 
methods arc suitable for measuring crack velocities at elevated 
temperatures (> 1000°C). However in the double-torsion technique, 
simultaneous measurement of Kj and V is possible for a wide range of V.
The other test methods impose an additional gripping problem at elevated 
temperatures. It is not possible to use metallic components (> 1000°C) 
and ceramic tensile loading systems arc expensive. These unique features 
make the double-torsion specimen attractive for measuring crack propagation 
data at elevated temperature and in adverse environments.
In the present study, the double torsion and bend specimens have
been used and it will be discussed in detail in Chapter 4.
______
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CHAPTER THREE
MATERIALS AND MICROSTRUCTURAL ANALYSIS
This chapter describes, (i) the chemical composition and fabrication 
procedures for the Si-Al-O-N ceramics used in the research programme 
and, (ii) imaging, diffraction and microanalytical techniques used in 
defining their microstructure,
3.1. Ceramic Compositions and Fabrication
The present research programme is based on two hot-pressed Si-Al-O-N
ceramics which have a carefully "balanced" 0/N ratio, to achieve the
single phase condition corresponding to the substituted ¡3' crystal
composition Si. A1 0 N- . Both ceramics have a substitution level D“X X X 0”X
of x a 1 but differ in the composition of the addition used to enhance 
the densification process. The first ceramic (separate hot-pressed 
'tiles' A and B) contains MgO, Mn^O^ (and ZrC^) additives and the second 
ceramic (specimen C) contains only a MgO additive. The purpose of 
adding Mn^O^ is to improve the densification further by lowering the 
liquidus temperature and viscosity of the silicate liquid sintering aid 
during hot-pressing. The exact chemical compositions and other para­
meters are summarised in Table 3.1a.
The powder mixtures listed in Table 3.1a were colloid milled in 
an isopropyl alcohol slurry to effect particle size reduction (mainly 
for AIN) to < 5 pm and adequate dispersion. The dried powders were hot- 
pressed in a graphite die at a pressure of 15.4 MNm 2 at *v 1800°C (The 
exact holding periods and temperatures are listed in Table 3.1a).
These hot-pressed materials have densities which are (within experimental 
precision of the Archimodian technique) equivalent to the theoretical 
value based on the lattice parameters (3.14 g cm ). The hexagonal 
unit cell parameters (a and £) vary with the A1 substitution level (x)

Si-Al-O-N
Modulus of rupture* 
at 20°C (MNm~2)
Weibull Modulus 
at 20°C (m)
Z creep* at 1227°C 
and 77 MNm 2
A 614 12 0.222 (24 hrs)
B 551 8 -
C 518 16 0.103 (48 hrs)
+ Measured in 3-point bending.
* Measured in 4-point bending (Lucas standard creep tests)
Table 3.1b: Mechanical Data (Supplied by the Lucas Group Research
Laboratories).
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and the substitution level can be obtained from the measured lattice 
parameter values.
These materials were produced at the Lucas Group Research Centre 
where the preliminary mechanical strength tests were performed (Table 3.1b). 
Although the room temperature strength of ceramic C is slightly inferior 
to that of ceramics A and Bt the standard creep test data show a higher 
creep strength. The high Ueibull modulus of ceramic C indicates that 
this material is more consistent than the other two.
3.2. Microstructural Analysis
3.2.1. Transmission Electron Microscopy
3.2.1. (a) Preparation of Electron-Transparent Sections.
Although the method of preparation of ceramic specimens for 
Transmission Electron Microscopy (TEM) is now well known it is worth 
describing the method briefly with a few additional precautions which 
were taken particularly to produce extensive thin regions ('v. 300 X) 
necessary for high-resolution electron microscopy.
Thin slices 'v 0.2 mm thick, were cut from the bulk material using 
an annular diamond saw and were mounted on glass slides with "Lake side" 
thermoplastic cement. After grinding on SiC papers (240, 400 and 600 
grit respectively) both surfaces were diamond polished (0.25 pm grit) to 
remove scratch marks and to obtain a uniform thin section 'v 30 pm thick.
The thin sections were mounted on 3 nsn diameter brass rings with "Araldite" 
resin. This specimen was mounted in the rotating specimen holder of an 
ion-beam thinning apparatus and both surfaces of the specimen were
*
r/
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sputtered with 5 kV argon ions at a low angle ('v 20°) to the surfaces.
The electron transparent specimen was coated with a thin evaporated 
carbon film to prevent the build up of static charge on the specimen 
due to the electron beam.
Most of the lattice and conventional TGM images were obtained using 
a JEOI. 100C microscope (side entry euccntric tilting goniometer stage) 
operating at 100 kV and fitted with an energy dispersive X-ray analyser 
(EDAX). Some lattice images were also recorded with a JEOL 100 CX with 
improved resolution over the 100C instrument. A few low magnification 
micrographs were taken with a JEOL JEM 200 electron microscope operating 
at 200 kV with a top-entry double-tilt goniometer stage.
3.2.1. (b) Electron Microscope Imaging
The fine-grained polycrystalline structure is imaged mainly via 
the different diffracting conditions operating for 0' grains in random 
orientation with respect to the incident electron beam. Fig. 3.1 is 
a low magnification electron micrograph of ceramic B. This microstructure 
is almost identical to that previously observed in ceramic A [32], The 
average 0' grain size is 1.18 pm (based on ■v 500 intercepts) and was 
determined by the linear intercept method [l43]. These 0' grains can 
easily be identified by selected area diffraction and EDAX analysis showed 
that A1 and Si levels are typical of x ■ 1 materials. In the Mn 
containing ceramic (A and B) an inhomogeneous and low density distribution 
of small particles (0.05 - 0.5 pm) were observed mainly at the grain 
boundaries (Fig. 3.2). Edax analysis shows that these particles contain 
varying amounts of Mn, Si, Fe (Fig. 3.3) and occasionally small amounts 
of Zr (Zr is an additive and Fe is probably due to impurity contamination 
during the ball milling of the starting particles). As suggested 
previously [32] these particles may be either transition metal silicates
or silicides.
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The observation of faceted morphology of many 8' grains in this 
material indicates that they have grown into a liquid phase at the 
final stage of sintering. High magnification microscopy has revealed 
that most of the triple junctions of ceramic A and B contain extremely 
small amounts ('v 500 X) of glass (Fig. 3.4a). Occasionally it was 
found that some triple junctions contained a larger amount ('v 1000 ft) 
of glass (Fig. 3.4b). These non-crystalline regions were identified 
by their lack of change in diffraction contrast with the specimen tilt. 
Tliese regions also showed irradiation damage under the electron beam. 
Similar irradiation damage of glassy regions has been observed [l4] in 
HPSN and in early sialons [28]. Satisfactory EDAX analysis could not 
be carried out to identify the composition, because these regions were 
too small. However analysis indicated that the triple junction glass 
contains Mn and Ca (Al and Si peaks mainly due to the neighbouring 
grains) (Fig. 3.5).
The microstructure of ceramic C (Fig. 3.6) shows a similar average 
grain size (1.25 pm) to that of ceramics A and B. However in ceramic C 
many grain boundaries are smoothly curved interfaces with sharp triple 
junctions. These features were revealed mainly by thickness contours 
at the boundaries between diffracting crystals. In contrast to ceramics 
A and B high magnification microscopy shows (Fig. 3.7) no evidence for 
the presence of a residual glass phase at triple junctions. The micro­
structure of ceramic C is very similar to that earlier reported for 
single phase sialon ceramics [3l].
Apart from the triple junctions no visible glass phase was detected 
between 8' grain boundaries in both ceramics (C, A and B).  If a residual 
glassy phase is present at the grain boundaries of these materials, it 
must be extremely thin and therefore it is essential to use a very
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high resolution technique such as lattice imaging to detect it.
3.2.1. (c) High-Resolution 'Lattice' Imaging 
(i) Principles
If two coherent beams (e.g. the direct beam and one diffracted beam) 
are selected with the objective aperture to form the image, a fringe image 
can be generated with a periodicity equal to the spacing between the 
planes of atoms giving rise to the diffracted beam. The lattice fringes 
arise from the interference between the two coherent beams. It is also 
possible to use many diffracted beams together with the direct beam to 
form "two dimensional" lattice images. The intensity of the lattice 
fringes depends on the orientation of the diffracting crystal planes 
and for high visibility of the fringes, the specimen should be in a 
strong Bragg diffracting condition. Deviation from this condition will 
also lead to slight variations in fringe spacing [l44]. There are 
several instrumental and specimen-dependent effects such as spherical 
aberration, chromatic aberration and astigmatism which influence the 
resolution and contrast of the lattice fringes. Spherical aberration in
the objective lens is a major instrumental defect and this introduces
nc a 4
a phase delay — —  [l45] to the diffracted beam, with respect to the 
undeviated beam, where cg is spherical aberration coefficient of the 
objective lens, X the wavelength of the electron beam and a is the angle 
between the diffracted beam and the optic axis. This effect can be 
minimised by imaging lattice fringes at a certain 'under-focused' (Af) 
condition. The relative phase change between the diffracted beam and
spherical aberration. However the influence of spherical aberration is
the undeviated beam due to Af [l4f>] will compensate that due to
very high for off axis beams and therefore in practice only low order
AO
diffracted beams are allowed to reach the image by introducing a suitable 
objective aperture.
Inelastically scattered electrons from the specimen introduce 
chromatic aberration effects in the objective lens. However using 
very thin specimens and thereby reducing inelastic scattering the 
chromatic effects can be minimised considerably. Thin specimens also 
increase the image intensity which reduces the exposure time needed 
for recording the image. This is essential in high resolution micro­
scopy to minimise the effect of specimen drift during the exposure time.
Astigmatism arises from the asymmetry in the objective lens magnetic 
field (sometimes the specimen itself also introduces some astigmatism) 
and can be corrected accurately with stigmator controls by observing 
a uniform 'Fresnel' fringe contrast around the edge of a hole in the 
specimen.
Considerable gain in the resolution limit can be obtained (via. 
reducing the spherical and chromatic aberration effects) by tilting 
the illuminating system of the microscope until the undeviated and the 
diffracted beams pass symmetrically with respect to the optic axis.
Tilted illumination can also be used to produce "dark field" lattice 
images in which only the diffracted beams contribute to the final image.
In most crystalline materials the interatomic spacing is comparable 
with the resolution limit of the electron microscope and therefore to 
obtain lattice fringes it is essential to optimise the conditions 
mentioned earlier.
It is possible to detect extremely thin residual grain boundary 
phases in polycrystalline materials by lattice imaging two adjacent 
grains simultaneously [lA7]. However, to obtain lattice fringes from 
two grains the optimum experimental conditions described earlier must 
be satisfied simultaneously by both grains. Furthermore, to identify 
the grain boundary phase unnmbigously it is essential to have the
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boundary plane parallel to the electron beam. These conditions make it 
extremely difficult to apply the technique of lattice imaging to study 
the grain boundary structure. This technique has previously been used 
to demonstrate the existence of a grain boundary phase in hot-pressed 
Si3N4 [148,149].
(ii) Procedure and Experimental Observations
Before commencing lattice imaging the alignment of the electron 
beam was checked and objective lens astigmatism was corrected using 
a very small hole in the thin area of the specimen. The microscope 
was then switched to the diffraction mode and the specimen translated 
under the beam to find a pair of strongly diffracting adjacent grains. 
Normally prism plane (1010) reflections were selected to produce the 
lattice images because this prism plane spacing is the largest atomic 
spacing (6.7 X) in these materials. The microscope was then switched 
to the imaging mode to see whether the boundary plane was parallel to 
the electron beam.
To obtain lattice fringes from both grains a suitable objective 
aperture (80 pm) was introduced to include only a direct beam and both 
first order diffracted beams (Fig. 3.8a) or single first order diffracted 
beams from each grain (Fig. 3.8b). The microscope was then switched 
back to the imaging mode at high magnification (250,000 x) and lattice 
fringes were observed on the fluorescent screen with the aid of the 
binocular viewer. At this magnification the intensity is normally 
very low and therefore it is advantageous to have a brighter electron 
gun for high resolution work.
4 2
F i g .  3-8 <i F i g . 3 • 8 l>
Ac this stage astigmatism was further corrected to give higli 
visibility fringes and the mechanical stability of the specimen was 
checked. During these operations the same area of the specimen was 
exposed to the beam for a considerable time and the contamination of 
the specimen gave rise to an additional problem. However by keeping 
the cold-trap and the anti-contarainator filled with liquid nitrogen 
throughout the lattice imaging it was possible to minimize this effect.
After selecting a suitable illumination on the screen (typical 
exposure times were 5-8 seconds) a ’through-focus' series of images 
were recorded to obtain the best fringe contrast at the correctly under­
focused condition.
In this study the tilted illumination technique was also used 
for lattice imaging. After obtaining strong diffraction spots from 
a pair of adjacent grains a suitable objective aperture was introduced 
such that the direct beam and one first-order diffracted beam from each 
grain were symmetric with respect to the optic axis (Fig. 3.8c)
i
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As in the case with two dimensional lattice images [l45] this 
method did not show a marked improvement in the resolution for two 
grain lattice. However this technique gave very high contrast single 
grain lattice fringes (Fig. 3.9).
Fig. 3.10 and 3.11 are lattice images of ceramic B and C respectively. 
In Fig. 3.10 the lighter region (marked C) is triple-junction glass.
It is evident from the images that the grain boundary 'width' is similar 
to the atomic spacing of the prism planes. Therefore if a residual 
glassy phase is present at the boundaries the maximum possible width is 
about 7 X. Since this width is comparable with the inter-planar 
spacing it is also possible that this region is the disordered region 
between crystalline grains. The other interesting feature (observed 
either via. 'two-grain' or single grain lattice imaging) of the boundaries 
in Mn-containing ceramics is the high proportion of boundaries parallel 
to the prism planes of one of the grains (see Fig. 3.10). These faceted 
(probably low energy) surfaces indicate the retention of a liquid phase 
at an advanced stage of sintering. Similar types of boundary have been 
observed [148,149] in HPSN. In contrast, the lattice images of ceramic C 
showed that the boundaries contain many steps rather than large areas 
of facet plane parallel to the boundary. This appearance arises from 
the curved nature of the boundary interface in this material (Fig. 3.11).
It can also be seen that only a small region of the boundary plane is 
parallel to the electron beam. This non-faceting feature is evidence 
for the absence of a liquid phase at the final stage of sintering. The 
absence of triple junction glass in this material (Fig. 3.12) is further 
evidence for this suggestion.
The information obtained by the lattice-imaging technique may be 
criticised as being too selective because the requirements of parallelism

Fig. 3.10: Lattice-fringe image of two adjacent grains of 
Si-Al-O-N B showing &‘-B' interface structure 
(Lattice spacing 6.6 X).
Lighter region, marked G is triple-junction glass.

Fig. 3.11s Lattice-fringe image of two adjacent grains of 
Si-Al-O-N C showing 6'-B' interface structure 
(lattice spacing 6.6 X)


of electron-beam, grain boundary and prism planes in adjacent 6' crystals 
However, the boundaries which have been observed in lattice imaging are 
the most common boundaries of these materials (for example curved 
boundaries of specimen C) found in the general microstructure. The 
other important requirement is the correct orientation of the boundary 
with respect to the electron beam. If the boundary plane is slightly 
disoriented with respect to the electron beam it will lead to a wrong 
estimate of the boundary 'width'. In Mn-containing ceramics the 
faceted grain boundaries provide an ideal situation for observing the 
grain boundary exactly parallel to the electron beam. In ceramic C 
only a small region of this boundary can be observed exactly parallel 
to the electron beam because of the curved nature of the interface. 
However this small region shows the correct boundary width.
High resolution lattice imaging provides little or no information 
about the chemical structure of the grain boundaries. Impurities often 
segregate to grain boundaries even in single phase ceramics with no 
glassy film. Impurity segregation to the grain boundaries plays an 
important role in relation to the boundary diffusion, intercrystalline 
cohesion and other boundary properties which could influence the creep 
and fracture properties of ceramics. Therefore to study the impurity 
segregation Auger electron spectroscopy was performed.
3.2.2. Auger Electron Spectroscopy
3.2.2. (a) The Technique
Auger electron spectroscopy (AES) is a powerful technique for 
studying composition of the first few atomic layers (1-5 atomic layers) 
of the surface of a sample. In AES, an electron beam of energy 1 - 5  
keV is incident on the surface and the energies of the ejected electrons 
(Auger electrons) are analysed. The sensitivity of AES is generally 
improved by differentiating the secondary electron energy distribution 
f_15o] . Details of the "Auger" process can be found in many publications 
[151,152] and only a brief description is presented here.
The primary electron beam strikes the specimen and causes the 
ionisation of an inner electron level of the atoms. These excited 
atoms can relax by releasing energy which can either be used in ejecting 
an electron or emitting a photon. However at low primary energies used 
in AES, the probability of photon production is very low. The ejected 
electron is known as an "Auger" electron which has a well defined energy 
specific to the element from which it escaped. Therefore the Auger 
process provides a method for compositional analysis. Furthermore, the 
Auger process involves low energy electrons and only those emitted from 
atoms close to the surface can escape and contribute to the Auger 
spectrum. Hence the analysis is surface-specific.
AES has been used by a number of workers to analyse grain boundary 
segregation in polycrystallinc ceramics [16,31,153,154]. The technique 
is based on the chemical analysis of exposed grain boundaries (inter­
granular fracture areas) on the fracture surface. Using 'inert-gas'
f
ion sputtering together with Auger analysis it is also possible to 
determine the concentration of impurities as a function of distance from 
the grain boundary [31,154],
’ J
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3.2.2. (b) Observations and Discussion
In order to analyse grain boundary segregation, the grain boundaries 
must be exposed by fracture and this is normally done inside the vacuum 
chamber of the spectrometer to minimise the surface contamination.
However these room temperature fracture surfaces normally contain a 
large proportion of transgranular fracture. It was observed by scanning 
electron microscopy (SEM) that fracture of the present sialon ceramics is 
mainly intergranular at temperatures above 1300°C. Therefore it was 
decided to use high temperature (n. 1400°C) fracture surfaces for the 
Auger analysis. The fracture tests were carried out in a vacuum furnace 
to minimise oxidation of the fracture surfaces (see Chapter 4).
The AES was performed in an experimental system constructed in the
Physics Department at Warwick, which consists of a thermionic emission
electron gun (probe diameter about 50 pm) and a cylindrical mirror
analyser for the energy analysis. The specimens (fracture area
3 mm x 5 mm) were mounted on a rotating holder and placed in the vacuum
chamber of the Auger system. The evacuated chamber was then 'baked'
at 250°C for 24 hours to remove the residual surface-reactive gases.
When a high vacuum ('v. 10 10 torr) was established the fracture surface
was positioned normal to the axis of the analyser and the primary
electron beam was incident nearly normal to the surface. The Auger
spectrum from 'as-loaded' fracture surfaces showed a large carbon peak
and an oxygen peak. This carbon contamination is due to exposure of
the fracture surface to the atmosphere. To remove carbon contamination
the specimen was rotated towards the argon ion gun and bombarded with
-25 keV argon ions with ion current density of about 5 pAcn in a pressure of 
argon at ^ 10  ^ torr. This sputtering was carried out in a controlled 
manner. After a few minutes of sputtering the carbon peak was rapidly 
reduced and several other peaks appeared in the spectrum. The chemical
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profile normal to the fracture surface was determined using the 
sputtering technique and AES analysis alternately. The sputtering times 
were increased gradually from 2 to 15 minutes. The removal rate of 
atoms from the fracture surface due to argon-ion sputtering was 
calculated from the argon-ion current density, assuming that the 
sputtering was uniform and there is no preferential removal of one 
element. (The sputter yield value for this calculation was obtained 
from [l55]). This calculated sputtering rate 4.5 X per minute) may 
be subject to considerable error. After repeated bombarding of the 
fracture surface with argon ions, surface charging occurred which 
disturbed the Auger emission. In order to prevent this, moderate 
primary energies (1.5 keV) were used. Charging results from the poor 
electrical conductivity of the specimen. When working with insulators 
it is important to use primary energies which produce a secondary yield 
(defined as the number of secondary electrons created per incident 
primary) greater than one. Then the only effect of charging is a 
relative shift of the entire spectrum by a few eV [l56j. For many 
insulators this primary energy region lies between 100 - 2000 eV |l57].
Fig. 3.13 is a set of Auger spectra taken from ceramic B. Each 
spectrum shows the different element concentrations at various depths 
from the intergranular surface. The figures against each spectrum are 
the estimated thicknesses of material removed by sputtering. After 
identifying carbon and oxygen peaks the other peaks (Al, Si, N, Ca and 
Mn) were identified by calculating their relative position with respect 
to oxygen using the standard Auger energies 1158J. However the observed 
position of the Si peak ('v 85 eV) is slightly shifted away from its 
standard position for pure Si (92 eV). A similar shift in the Si peak 
has been observed in Auger spectra from fracture surfaces of Si^N^
[l5l] and Sialon ceramics 131 ]. It has also been observed [l5l] in
Fig. 3.13: Set of Auger electron spectra showing the increase or 
decrease in different element concentrations with 
distance from an intergranular fracture surface of 
Si-Al-O-N B.
The figures against each spectrum are the estimated 
thicknesses of material removed by sputtering.
SijN^ that the position of the Si peak from a bulk specimen and from 
a fracture surface was not identical and it was pointed out that this 
is due to the change in chemical environment of the silicon atoms.
The Mn peaks show only a small variation with sputtering time. This 
indicates that the Mn concentration is nearly constant normal to the 
fracture surface which is probably due to the presence of Mn-containing 
particles in the material (the particle size being large compared to 
the thin boundary film).
The small argon peak is due to surface adsorption or implantation 
of argon ions during the sputtering. In the higher energy scale 
closer to 1200 eV a very small peak (just resolvable from back-ground 
noise) was observed and this is possibly a Mg higher energy Auger peak. 
The higher energy analysis was not successful because of specimen 
charging due to a higher primary energy (> 3 keV) and the poor 
performance of this Auger spectrometer at high energies.
The chemical profiles of the concentration of the elements (Fig.
3.14) normal to the fracture surface were obtained assuming that the 
peak height is proportional to the element concentration. The nitrogen 
peak is used as a reference. The rapid fall in concentration within a 
few atomic layers indicates that Ca and 0 is mainly segregated at 
the grain boundaries. The growth of the nitrogen peak with sputtering 
is also partly responsible for this rapid drop in concentration.
The low energy (0 - 600 eV) AES on ceramic C showed similar 
impurity segregation (except Mn) to that of ceramic A. The higher 
energy range of AES did not function successfully due to specimen 
charging and the low signal level. However it has previously been 
shown [3l] in a similar single-phase material (1Z MgO) that Mg is 
mainly segregated at grain boundaries (Fig. 3.15). For comparison 
with the Mn containing ceramic^O/N and Ca/N profiles from reference 31 are 
also included in fig. 3.15.
Kig. 3.14: Variation in concentration of impurity elements 
indicated by variation in Auger peak height with 
distance from the intergranular surface of
Si-Al-O-N B.
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Fig. 3.15: Variation in concentration of additive and
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If allowance is made for the initial contamination layer the 
approximate thickness of the boundary phase can be estimated from 
the AES profiles. (It was assumed that the fracture surface contains 
only half of the segregated layer). For the Mn containing ceramic this 
thickness is 'v 20 X (Fig. 3.14) and for the other material it is 
\ 15 8 (Fig. 3.15). However the estimated values may be slightly 
higher than the boundary thickness, particularly in Mn-containing 
material because of the presence of triple junction glass. The thickness 
of this segregated layer varies near the triple junction regions and 
the thickness is very large in these areas compared to the boundary 
regions. Therefore the estimated thickness from the AES data obtained 
from a large area (probe diameter about 50 pm) containing thousands of 
grains will result in a higher value. This problem can be avoided if 
it is possible to analyse a single grain intergranular fracture surface. 
Modern Scanning Auger electron microscopes f_159] have this high resolution 
and are capable of analysing single grains of fine grained (^ 1 p) 
materials.
More recently the fracture sample of ceramic C has been analysed 
using a JAMP 10 high resolution (probe diameter 0.6 pm) Auger scanning 
electron microscope (at the JEOL Laboratory in Tokyo). Although the 
chemical profiling has not been performed in this study the compositional 
analysis shows very good agreement with the earlier observations.
3.2.3. Summary of Microstructural Analysis
In Mn containing ceramics (A and B) most of the residual glass is 
localised at triple junctions. It is difficult to conclude whether 
this glassy phase is also present as a continuous thin film between 
the grains because the observed width of this boundary region is 
same as the interplanar spacing used in lattice imaging. Apart from 
triple junctions, there is no resolvable difference between 6' grain
~
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boundaries in the two ceramics, down to an approximate limit set by 
the prism-plane spacing in adjacent B' crystals. The estimated 
thickness (15 - 20 X of the boundary segregate of these materials from 
AES data is larger than the value obtained by lattice imaging ('v 7 X).
This may be mainly due to the inaccuracy in thickness determination 
in AES technique and also the uncertainty in defining the boundary 
width in the AES profiles. Although a precise compositional analysis 
could not be carried out on the fracture surfaces AES data show that 
the grain boundaries contain the hot-pressing additives (Mn and Mg),
Oxygen and impurity Ca. Previous work on Si^N^ [l5l] shows that the 
grain boundary phase is a glass containing Si, Mg and Ca oxides. The 
exact composition of the boundary phase has been estimated by comparison 
with the Auger spectrum from a glass standard. Using a similar comparison 
the compositon of the grain boundary segregate in the Mg-containing 
Sialon ceramic, has been Q3l] estimated as 0.076 CaO 0.42 MgO 0.22 A^Oj 
2 Si02.
In Si.N the shift in the low energy Si peak position has been used d 4
1" 151 ] to distinguish Si in the grain boundary silicate glass and that 
in B-Si^N^ crystals. However in sialons there is no visible shift in 
Si peak with progress of surface sputtering. This indicates either 
that the position of the Si peak from B' crystals is the same as its 
position from a silicate glass or the observed Si peak is mainly from 
B' crystals.
Finally, the AES data suggest the composition of the triple junction 
glass observed in the Mn-containing material is a silicate of Ca, Mn,
Al and Mg which is possibly the cooled residue of the liquid sintering 
medium. It is believed that the essential difference between the two 
ceramics lies in the partitioning of Mg and Mn between the silicate phase 
and 8' crystals. Hence, a smaller solubility of Mn in B' stablises the 
silicate phase in triple junctions after grain impingement and remains
as a residual glassy phase on cooling. IC is likely that Mg has some 
solid solubility in 0' crystals and this results in simultaneous 
solid solution of oxygen in 0' crystals for charge neutrality. This 
removal of oxygen reduces the residual glass in ceramic C. The 
observation of triple-junction glass in both Mn-containing ceramics 
(A and B - prepared separately) supports the above suggestion and does 
not favour the possibility of an accidental difference in 0/N balance 
from the 0' requirement (Si, 0 A1 N0 ).0”X X X 0”X
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CHAPTER FOUR 
EXPERIMENTAL TECHNIQUES
In the first part of this chapter the design, construction and 
operation of a high-temporaturo creep apparatus, which could easily 
be adapted to perform bend and uniaxial compression creep is described.
The second part contains a description of the construction of a 
high temperature double torsion jig and analytical procedures used in 
determining the Kj-V relationship.
4.1. Creep Testing
Most creep experiments on ceramic materials are performed in bending 
to avoid the problems of gripping and buckling associated with tensile 
and compression tests. Although the bending experiments are relatively 
easy to carry out there are several problems concerning interpretation 
of experimental data. One major criticism about the bend test is it s 
inhomogeneous stress distribution. The creep strain and stress relations 
are normally derived under elastic condition for small strains and hence 
the relations are true only if. (see Appendix A4.1) (a) the strain rate 
is directly proportional to the stress (stress exponent n ■ 1), (b) the 
creep properties in tension and compression are identical and (c) the 
total plastic strain is small, normally less than about 2S.
As the strain increases additional problems arise due to non-vertical 
forces at load and support points and this may reduce the applied stress. 
However in this programme many creep tests were performed in four-point 
bending and later some tests were repeated in compression as confirmation 
experiments.
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substantial length (within inner loading points) of the specimen. Even 
for large deflections of 20° to the horizontal at the outer loading 
points, the variation is about 2.8)! [l6o].
The four-point creep jig (Fig. 4.2) was machined from recrystallised 
alumina and it consists of three basic components; an upper loading 
hemispherical head (A), a tube (B) as the outer loading points and a 
concentric inner tube (C) to guide the loading head to give a symmetrical 
four-point loading on the specimen. The hemispherical head (A) permits 
equal vertical loading of the specimen via two knife edges. (Fig. 4.3)
To ensure stability, this alumina piece was made sufficiently long so 
that it s centre of gravity lies below the specimen. Preliminary creep 
tests confirmed that there was no detectable deformation of the knife 
edges (The loads used for the bend tests were very small) or reaction 
between ceramic specimens and alumina jig during creep tests.
The specimen span was 40 mm and inner knife edge span 20 mm. This 
span ratio (^'v 2), falls in the limit of n (stress exponent) insensitivity 
to strain equation [l61] and gives rise to measurable deflection rates 
over a wide range of stress. (See Appendix A4.1). The load was applied 
to the specimen by means of a lever system (2:1 ratio) which was counter­
balanced by a dead weight. The load point displacement was monitored 
with a linear differential transformer (LVDT, type 500 DC supplied by 
Electromechanisms Ltd) and recorded on a potentiometrie chart recorder,
(CR 650 S supplied by J. J. Instruments Ltd.). The LVDT body was 
initially mounted rigidly on the metal frame and the core was placed 
on the lever arm. The outer fibre strain and stress were calculated 
using the following equations |_16X] assuming elastic conditions and 
n “ 1 (See Appendix A4.1)
0max
P (L-a)
2bh2
(2n+l)
n (A.l)
Lo ad
LVDT
Upper loading 
alumina tube
- Outer alumina tube
Lower loading 
alumina tube
Steel Baea
rrSvN X X X N hsi
Fig.4'3 Four-pt. bend creep measuring
arrangement
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max (L-a) [I,+a(n+l)'j L ( • )
where P, h, b, L, a and Yj are the load on the specimen, specimen height, 
width, outer span, inner span and load point deflection respectively.
The creep strain was initially monitored satisfactorily with this 
measuring arrangement at constant ambient temperature. However the room 
temperature fluctuations, especially day and night variations, gave rise 
to extraneous variations in creep curves. This was due to transducer 
movement caused by the thermal expansion or contraction of the metal 
frame and other components of the test rig. To obtain constant ambient 
temperature conditions, the rig was surrounded by thick insulating 
"Asbestos" fibre boards. Although this helped to remove thermally- 
induced variations in the creep curves at higher creep rates the thermal 
expansion caused disturbances at lower creep rates (10  ^h . This 
arrangement was clearly not suitable for compressive creep rates which 
are normally very small. To overcome these extraneous problems most 
investigators have used two or more transducers. However, if the trans­
ducers arc not identical in output voltage per unit displacement this 
arrangement may give rise to inaccurate creep rates. In practice even the 
same type of transducers have slightly different output voltages per 
unit displacement. Hence the thermal expansion could produce a few 
millivolts differential output (instead of zero output) which can be a 
significant fraction of the total output due to creep deformation, 
particularly in compression.
After careful consideration of these problems involving strain 
measurement, a different LVDT mounting was designed. (Fig. 4.3). In this 
new arrangement the LVDT body was rigidly clamped by an A1 rod to the 
loading alumina rod and the LVDT core was placed on a small A1 platform
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rigidly joined to the outer alumina tube which also guides the loading 
rod. The platform was adjusted to the required position with a micro­
meter screw gauge. The important feature of this system is that the 
LVDT mounting is now free from the metal frame and the major part of 
the measuring system is at a constant furnace temperature. However 
if there is any thermal variation, expansion of the components would 
occur in the same direction and hence minimize the resultant displacement 
of the LVDT body and its core. Therefore in this measuring system the 
LVDT gives the correct creep deformation without any extraneous effect 
due to thermal variations.
To stop heat flow towards the LVDT, the top of the furnace was 
covered with 'Safil' wool (I.C.I. product) and this helped to keep the 
temperature around the LVDT to a lower level ('v 60°C). However, the 
LVDT was calibrated under this ambient temperature condition and 
this value (410 mV per mm) rather than the manufacture's value (500 mV 
per mm) was used to calculate creep strain.
The performance of this system was extremely succesful and therefore 
a similar measuring arrangement was used in designing the compression
jig*
4.1.1. (c) Compression Creep
One of the major problems in compressive creep is specimen buckling. 
In general, buckling is more likely to occur in specimens having a large 
ratio of length l, to width u. Very low ^/u ratios can result in 
'barrelling' of the specimen, because of specimen end constraint [95|. 
However these two effects can be avoided using a * Aj ratio in the range 
1.5 to 2.5 [_8l] . The other important factor is correct alignment 
because non-axiality of loading can also cause buckling and introduces 
multiaxial stresses. These requirements together with the ability to 
measure small strains and to eliminate extraneous effects were achieved by
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using a simple arrangement as shown in Fig. 4.4. The LVDT arrangement 
of this jig was similar to that described earlier for four-point bending. 
"Refel" SiC (U.K.A.E.A. Springfield) loading rods were used within the 
furnace instead of alumina rods to minimize any possible deformation of 
the loading rods due to high compressive loads at the furnace temperature. 
The SiC rods were not extended to the outside of the furnace to reduce the 
thermal conduction loss along SiC rods. The other disadvantage of using 
"Refel" SiC rods is oxidation and melting of free silicon at high 
temperatures. These oxide and free silicon products on the surface of 
the rod could disturb the smooth movements inside the outer alumina tube.
To overcome this the SiC rods were enclosed in alumina tubes as shown in 
Fig. 4.4.
I
The specimens, 3 m m x 3 m m x 5 m m  (— » 1.7) were introduced into
to
the jig through the windows, drilled on either side of the alumina tube, 
(Fig. 4.5) and placed exactly on the centre of the circular silicon 
carbide platens using a plastic jig, to obtain exact axial loading. The 
long outer alumina tube guides the inner loading rods axially up to the 
specimen ends from both sides and hence provides an accurate self alignment. 
The whole arrangement was kept rigidly in the vertical position in a 
metal base and the load was applied to the upper alumina rod by means of 
a lever system having a 10'. 1 ratio. The desired load was applied by 
lowering appropriate slotted weights onto the load plate in the lever.
A preliminary test was carried out without a specimen at 1375°C with a 
25 kg weight on the load plate (i.e. 250 kg weight on loading rods) for 
nearly 50 hours to ensure thermal stability and negligible deformation 
of the loading rods. This was confirmed by observing zero creep rate
on the chart recorder.
Load
Fig.44 Compressive creep
measuring arrangement
Fig. 4.5: Compressive creep jig.
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4.1.1. (d) Specimen Preparation
3 mm slabs were cut parallel to the hot-pressing direction from 
each tile on a surface grinder fitted with a diamond slitting wheel. 
3 m m x 3 m m x 5 0 m m o r 3 m m x 3 m m x 5 m m  specimens were cut with a 
thin annular saw for bend and compressive creep tests respectively.
Special care was taken to cut the width normal to the length in compressive 
creep specimens. This was done by mounting a long 3 mm x 3 mm bar 
parallel to the edge of the mounting block, which was perpendicular to 
the cutting wheel. Rectangular specimens were cut rather than 'dumb­
bell' shaped specimens for compression creep to avoid complex machining.
It has been shown |95J that both type of specimens have the same steady 
state creep rates. The specimens were polished using SiC papers (600 
grit) in order to maintain the same surface condition for all specimens.
4.1.2. The Testing Procedure
The furnace was heated to the required temperature (1100°C - 1450°C) 
without load on the specimen and left overnight before the test. This 
allowed ample time for thermal stabilization. To avoid experimental 
scatter between specimens and also to save a great deal of time an 
incremental stress technique was used to obtain a value for n. In this 
method creep rates were measured on a single specimen at different 
increasing stress levels under isothermal conditions. Similarly, creep 
rates were measured on lowering stress levels from higher values. The 
stress exponent n was determined by plotting logarithmic strain rate 
vs logarithmic stress.
The grain size dependence on creep rate could not be investigated 
due to lack of different grain size materials.
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Temperature-change tests were carried out under constant load 
conditions to determine the activation energy for the creep process.
Again the creep rates were measured on a single specimen at different 
temperatures keeping the stress constant to avoid structural differences 
between individual specimens. In bend specimens the temperature was 
raised from 1100°C to 1450°C, but in compressive tests a maximum 
temperature was restricted to 1375°C (strength degradation occurs in 
"Refel" SiC at 'v 1400°C due to the melting of free silicon). In both 
stress-change and temperature-change experiments, care was taken to 
allow sufficient time for transient effects accompanying the parameter 
changes, and to re-establish the steady state conditions. Typically 
these changes were made with a periodicity of 'v 24 hours in the 
increasing sense and ~v 36 hours in the decreasing sense and 24-48 hours 
was allowed for initial primary creep. At high stresses and temperatures 
the periodicity was reduced to 'v 10 hours.
True stress and true strain were not calculated in compression test 
because the variation in cross-sectional area and the length of the 
specimens were very small during the creep deformation of these ceramics. 
In bend tests, if the material did not fail before nearly 27. total strain, 
normally tests were terminated. At the end of the tests, the total 
creep strain was calculated directly from the pure bend section of the 
specimen and compared with that from chart recorder reading. A similar 
comparison was made with compression specimens. There was a good 
agreement between the two values within experimental limits. No 
detectable impression was observed on the SiC platens even after many 
successive creep tests. The stress variation and temperature variation 
tests were repeated to check the reproducibility of creep data.
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4.2. FRACTURE TESTING
4.2.1. K1-V Relation
Stress intensity factors (K^) and crack velocities (V) were obtained 
on double torsion (D.T) specimens at elevated temperatures (UOO°C - 
1500°C) using an lnstron machine equipped witli a vacuum furnace. These 
tests were performed in vacuum (10 J torr) to preserve the fracture 
surfaces from oxidation and enable subsequent examination in an SEM.
4.2.1. (a) Vacuum Furnace
The vacuum furnace consists of a SiC spiral shaped heating 
element (CRUSILITE element type RM, hot zone 150 mm), a recrystallised 
alumina tube with water cooled ends inside the heating element and a 
larger alumina tube outside the element as shown in Fig. 4.6. The inner 
tube is connected to a vacuum system containing a rotary pump and an 
oil diffusion pump. The water cooled stainless steel upper loading 
rod is extended to the hot zone with a threaded recrystallised alumina 
rod (diameter 20 iran) and the lower loading alumina tube is placed 
in the collet of the lower loading rod.
The furnace was mounted in such a way that it could be moved 
smoothly up and down along the metal rods and weights were used together 
with a pulley system to counter-balance the weight of the furnace. 
Temperature was controlled (♦ 2°C) in a similar way to that described 
for the creep furnace using a stepless Eurotherm controller with 
Pt/Pt 13Z Rh thermocouple. The controller-thermocouple was placed 
in between the inner alumina tube and the heating element. The controller 
temperature was calibrated accurately using mother thermocouple inside 
the inner alumina tube closer to the specimen position and later these 
calibrated values were used to determine the specimen temperature in 
each test.
Stainless itN l push rod
LoacLcsil
Fig.4 6 Vacuum F u rn a ce i,
4 . 2 . 1 .  (b )  D ouble  T o r s i o n  J i g
The D.T. jig was machined from recrystallised alumina (Fig. 4.7). 
Basically, this jig consists of three components; alumina tube (A) 
with two rectangular holes, U-shaped alumina piece (B), sitting in the 
tube between the rectangular holes, and the upper loading head (C) 
which could be moved smoothly inside the tube. The D.T. specimen was 
placed horizontally on B and a small plastic jig used to position the 
upper loading head symmetrically on the specimen. The hemispherical 
upper loading head (C) is designed to transmit the load evenly down 
to the one end of the specimen via. two knife edges (Fig. 4.7).
4.2.1. (c) Double Torsion Specimen and Constant Calibration
The specimens were cut from larger slabs into 20 mm x 15 mm x 2 mm 
or 20 mm x 15 mm x 3 mm rectangular plates. These specimens were 
mounted on a uniformally thick steel base plate, exactly parallel to 
it s base with thermoplastic 'Lake-side' cement. This was gripped on 
the magnetic base of a surface grinder, and grooved to approximately 
one half of the specimen thickness along the length with a slitting 
wheel of blade thickness 1 mm. This reduced thickness was introduced 
to ensure crack propagation in a direction parallel to the specimen 
length. Specimens were notched to a depth of 5 mm at one end of the 
groove using an annular diamond saw. The specimens were polished using 
SiC paper (600 grit) in order to maintain the same surface condition 
for all specimens.
Kies and Clark [l38] have indicated in their analysis of the D.T. 
specimen that the stress intensity factor Kj is independent of crack 
length. Later Williams and Evans fl39] derived the following mathe­
matical expression relating Load (P) and specimen dimensions to stress 
intensity factor. (See Appendix A4.2).
High* t e m p e r a t u r e  D-T- t e s t  j i g
Fig.4-7
Fig. 4*8
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Kj ■ P Hm
where v is Poisson's ratio, P is the applied load and other symbols 
are specimen dimensions (Fig. A.8).
This relation shows that is independent of crack length. Here, 
they treated the D.T. specimen as two elastic torsion bars, each having 
a rectangular cross-section loaded at one end. This assumption neglects 
the possibility of either shear strains in the individual bars or 
flexture of the uncracked position of the specimen. This implies that 
the above relation is valid only for crack lengths close to the middle 
of the specimen. Williams and Evans [139] checked the validity of the 
relation by performing compliance tests on steel and found a very 
good fit of experimental data with calculated values for relatively 
large crack lengths and a slight departure for small crack lengths. 
However it can be seen in literature that many investigators have used 
the D.T. specimen as a constant K-specimen for obtaining crack pro­
pagation data in various materials.
Recently Trantina [.162] analysed the D.T. specimen using a 3- 
dimensional elastic finite element method and obtained a functional 
relation between Kj and crack length. He found that Kj varies with 
crack length (a) and is nearly constant for crack lengths > 0.55 x 
specimen width (W) and ligament lengths (L-a) > 0.65 W.
The specimens used in the present study were comparatively small 
and a constant validity test on this specimen size is very important. 
For this reason preliminary D.T. tests were carried out on glass 
specimens (20 mm x 15 nro x 2 mm) at room temperature. These glass 
specimens were pre-cracked to different crack lengths and fractured in 
the D.T. jig by moving the cross-head rapidly. The fracture level 
(Pj) together with the specimen dimensions were measured accurately 
and substituted in equation A.3 to calculate for different crack
3(l + v)
WdJdr
■= A.P (A.3)
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lengths. The K^-crack length calibration obtained in this way is shown 
in Fig. A.9. This shows that is constant only between crack length
5 mm to 15 mm for the specimens used in this study. This is the reason 
for introducing the 5 mm notch at one end of the groove.
A.2.2. The Test Methods and the Testing Procedure
There are a number of test techniques available to obtain crack 
propagation data. At low temperatures it is easy to follow a crack 
optically [l23,127] to obtain the crack growth rate for a given load. 
At elevated temperatures the D.T. specimen can easily be used in the 
Instron testing machine for slow crack growth measurement under fixed 
grip conditions where the crack growth rate is determined directly 
by the rate of load relaxation.
A.2.2. (a) Load Relaxation Method
Williams and Evans [l39] developed this method and derived the 
following expression for crack velocity (see Appendix A.2).
The crack velocity can thus be obtained directly from the rate 
of load relaxation (Fig. A. 10), the initial crack length a^ and
initial load P..
1
A D.T. specimen with known crack length was placed in the jig 
and introduced into the hot zone of the vacuum furnace until it was 
positioned just below the upper loading rod in the furnace. (A small 
gap was kept between the jig and the upper loading rod to allow for 
thermal expansion). When the furnace was heated to the required 
temperature, the cross-head was moved rapidly to a predetermined load 
P. (just below the fracture load P^) and stopped. The rate of load 
relaxation was measured from the Instron chart record. In this way a
F i g .  4 . 9 :  C o n s t a n t  ^ - c a l i b r a t i o n  f o r  D .T .  s p e c i m e n s .
Fig. 4.10: Typical load-relaxation curve.
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range of velocities was obtained on the K^-V diagram from the same 
specimen. However this method is limited to the higher crack velocity 
region because at low velocities the load relaxation cannot be measured
accurately. The corresponding values of Kj can be found directly from
(dp) ) via. equation 4.4.
The effective use of the relaxation method however depends on 
certain experimental requirements related to the elimination of 
extraneous relaxation due to machine and plastic deformation of the 
specimen. The machine relaxation (loading rods, jig components etc), 
is a significant factor of the total relaxation. This background 
relaxation was determined from auxiliary relaxation tests on an un­
grooved thicker specimen (No crack propagation occured under the load 
levels normally used for thinner D.T. specimens) at previous temperatures 
and load levels. A set of curves obtained at 1400°C for different load
levels is shown in Fig. 4.11b (Here in this background relaxation is
denoted by j^rl )• Two factors, load P and time t, determine the rate 
1 B rdPof load relaxation |— J at a given temperature. Therefore, from the
background relaxation curves at 1400°C (Fig. 4.11b) |~| was obtained
after specific times (e.g. t - 0 sec. t - 6 sec. t “ 12 sec) for
different P values. The values were plotted against P as shown in
Fig. 4.11a. The relation is nearly linear and the straight lines
representing the data points pass through the origin showing a correct
zero rate of relaxation at P * 0. In actual relaxation tests 44d t
was measured after a specific time (e.g. t ■ 12 sec) and the corresponding
P value was obtained. This 4^ “ contains both actual 44 for crackdt dt
propagation and J^J . The background value | y^ J for specific time
(e.g. t • 12 sec) is obtained from Fig. 4.11a via. the corresponding
P value. The correct j y  f°r crack propagation was obtained by
subtracting the background value from the observed relaxation.
8 dPThis procedure is illustrated in Fig. 4.11c. This corrected — value
A method for elimination of machine relaxation.
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was used to calculate the crack velocities. However the exact correction 
due to plastic deformation is difficult and therefore the relaxation 
method is not very accurate for materials which exhibit relatively 
large plasticity. (This was not the case with sialon ceramics studied). 
However, this difficulty can be avoided by using the D.T. specimen 
in different modes, at constant displacement rate.
A.2.2. (b) Constant Displacement Rate Method
Evans 1125J has developed this method and crack growth data can 
be obtained very efficiently from a long specimen. In this method a 
load plateau is observed when crack propagation commences (Fig. 4.12) 
and the crack velocity V is related to the plateau load P by (see 
Appendix A4.2)
V - JL BP (4.5)
where y is the elastic displacement rate at the loading points (This 
is equal to the cross-head speed if the plastic displacement is small) 
and B is a constant which can be determined either empirically by 
measuring the time taken for a crack to propagate along the length of 
a specimen at constant velocity in a constant displacement rate 
experiment or analytically [l39] using the following equation (see
Appendix A4.2)
3Wm (4.6)
Wd C
where G is shear modulus of the material at the test temperature, W^,
W, d are D.T. specimen dimensions as shown in Fig. 4.8. In the present 
work B determined using either procedure has shown good agreement. The 
corresponding value for the stress intensity factor Kj is calculated 
by substituting the plateau load in equation 4.3. The plateau load 
obtained at each y gives a single point on the Kj-V diagram and
Fig. 4.12: An illustration of the constant displacement method.
Fig. 4.13: An illustration of the constant load method (inset;
SliM showing a typical crack during slow propagation).
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usually several points can be determined from a single long specimen. 
For the specimens used in this work a maximum of 3 plateau loads were 
obtained before fracture. The data obtained in this manner, at 
constant temperature, can be readily used to calculate n value in 
V - Ak ” equation by substituting displacement rates and plateau loads 
in the following expression [.125] (See Appendix A4.2)
(4.7)
Similarly, an activation energy (Q) for crack propagation can be 
calculated by determining plateau loads (Pj and P2) for constant 
displacement rate y for two different temperatures and [l25"J 
(see Appendix A4.2)
Q
R T ^
( T 2 - T j )
(n+1) In (4.8)
The upper limit of crack velocity which can be obtained in this way depends 
on the highest cross-head speed available in the machine. For low cross-head 
speeds non-plateau behaviour was observed (y^ in Fig. 4.12). It indicates 
that the plastic contribution to the total applied displacement and 
valid parameters can no longer be obtained from equation 4.5, because 
y is indeterminate. This limits the velocity range that gives the 
valid fracture mechanics parameters. (In this study, at 1400°C, plateau 
behaviour is observed only at velocities higher than 10  ^m s ^). However, 
the velocity range below this is a crucial one for failure prediction 
and a suitable method is essential for measuring very small crack 
velocities. Hence the'constant-load' technique described below was used 
to measure small crack velocities.
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A.2.2. (c) Constant Load Method
In this method a predetermined constant load, corresponding to 
a low value, was applied to the specimen by means of the load 
cycling facility of the Instron machine. As shown in figure A.13, 
the cycling amplitude was adjusted to a minimum possible value to get 
very small load variations, (2AP < 27. P). At constant load, crack 
propagation occurs at constant and hence with constant velocity.
The crack velocity was obtained by direct measurement of crack tip 
displacement Aa in a predetermined time interval At (V ■ Aa/At). 
Previously [116,163] crack lengths were measured using fluorescent
. “9 -1dye penetrant and very low crack velocities ('v 10 ms ) were 
obtained by applying a constant load for time interval up to A8 hours. 
Instead of this method a SEM was used to measure crack lengths and 
hence crack velocities one order of magnitude smaller (10 ^  ms 
within 2A hours (a typical SEM image is shown in Fig. A.13). Relatively 
long crack lengths (velocities corresponding to > 10  ^ms *) were 
measured optically using a travelling microscope. One advantage of 
carrying out this experiment in vacuum is to obtain a clearer image 
of the crack, free from oxidation products.
This direct approach, although rather laborious has some advantages 
over the other two methods, particularly when crack propagation is 
accompanied by gross plasticity. (This is common in many ceramic 
materials at elevated temperatures). This method is not affected by 
other factors such as machine relaxation or variation in thermal 
equilibrium and this is the only method available to obtain data in the 
low velocity range of the Kj-V diagram.
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In all these three methods the stress intensity factor was 
determined from the load using equation A.3. Hence it is important 
to consider the effect of plastic displacement on relation between 
load and stress intensity factor. Fracture mechanics principles 
cannot generally be applied when crack propagation is accompanied by 
gross plastic deformation. In fact this is the normal behaviour of many 
ceramics materials at elevated temperatures. Analysis and experiments 
[l29] have shown that the stress intensity factor after plastic 
deformation of the loading arms is less than the value calculated from 
equation A.3, but the decrease is rather small even for plastic dis­
placements several times the specimen thickness. Therefore the effect 
of plastic displacements on the stress intensity factor-load relation 
is very small at low crack velocities and negligible for materials 
which have very small plastic displacements. (This is the situation 
with sialon materials studied). Therefore the standard relation 
(equation A.3) can be used to evaluate from load P at any temperature 
from a knowledge of Poisson's ratio corresponding to that temperature.
A room temperature Poisson's ratio was determined very accurately 
using sonic techniques f164J. Elastic modulus E and shear modulus C 
were determined from the resonance frequency of a rectangular bar 
(3 nm x 3 iran x 110 ran) and Poisson's ratio v was calculated from 
following relation
V -  ( j jr  -  1) (4.9)
values of E and G were on average of six readings from 3 bars using 
both rectangular sides (Table A.l).
Si-Al-O-N Elastic modulus (E) 
C Pa
Shear modulus (C) 
G Pa
Poisson's ratio v
B 278.0 ♦ 3.A 110.8 ♦ 0.92 0.25 ♦ 0.005
C 289.8 ♦ 3.6 113.A ♦ 0.95 0.28 ♦ 0.005
Table A.l: Elastic constants uf ceramic B and C
69
The variation of elastic modulus with temperature was indirectly
dPdetermined by measuring load deflection rates of a four-point
bend specimen in an Instron machine in a temperature range 20°C-1400°C.
The elastic modulus is directly proportional to the deflection rate
and at any temperature value was calculated from the room temperature
resonance value, E _Ki
There was a small load deflection rate due to the machine components 
and this was eliminated by performing an auxiliary experiment. Although 
this method is not very accurate (at high temperatures, due to a strain 
rate effect, values obtained in this method are normally lower than the 
actual values) the approximate variation with temperature can be obtained. 
The elastic modulus variation with temperature for ceramics B and C 
is shown in figure 4. 14. Each point is an average of four readings 
from two specimens and the error-bars indicate an estimated error.
Ceramic C shows an increase in elastic modulus at temperatures 'i 800°C 
and then a slight reduction. This behaviour is similar to that reported 
[A] for bend strength variation with temperature (0°-lA00°C) in CVD SiC 
and the apparent increase in strength is not understood. The behaviour 
of ceramic B is similar to that observed for hot-pressed Si-jN^  [87].
In Si-jN^  Poisson's ratio does not appear to change with temperature.
This is possible if the elastic modulus and shear modulus vary in 
similar manner with temperature. This similar variation of E and C 
with temperature was also assumed here and the room temperature Poisson's 
ratio value was taken for all temperatures. It was not possible to 
obtain the variation of shear modulus with temperature experimentally 
and, therefore, it was calculated from Poisson's ratio value and elastic
Fig. 4.14: The variation in Young's modulus with temperature for
Si-Al-O-Ns B and C.
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modulus value at the required temperature. These values were used 
together with specimen dimensions to calculate Kj and V. Special 
care was taken in measuring the thickness of the specimen because of 
it's third power dependence on Kj.
The validity of these three techniques was separately tested on 
several specimens of both types of ceramics (Band C) and there was an 
excellent fit to straight-line logarithmic plots for a given material 
and temperature and good continuity for a wide range of crack velocities 
(10 10-10 “ ms *). In order to obtain as many points as possible on 
the Kj-V diagram all the test methods were used in combination in the 
following procedure. Firstly, the constant load method was used a 
few times on a single specimen and relaxation and incremental methods 
were then performed on the same specimen respectively. At least six 
D.T. specimens were tested at each temperature to obtain the K^-V 
relation.
4.2.3. K ^ - Temperature Relation
Fracture toughness was determined in the temperature range 
20°C-1500°C using the single-edge notched beam (SENB) test in the 
four point bending mode in the vacuum furnace described in section 
4.2.1 (a). The four-point bending mode was used in preference to three- 
point loading to avoid the difficulty of positioning the single upper 
loading point in three point loading and also to obtain a pure bending 
region. Furthermore, in three point loading the upper loading point 
is directly above the notch of the specimen and the contact stress of 
the upper loading point can interact with the stress at the root of 
the notch [165].
7 1
4.2.3. (a) Klc Jig
The four-point jig consists of a recrystallised alumina tube, 
as the outer loading points and two small recrystallised alumina rods 
in a hemispherical alumina head, as inner loading points (Fig. 4.15).
The hemispherical head permitted equal vertical loading on the specimen. 
Two small slots were made on either side of the alumina head to allow 
the specimen to fall down to the cooler region of the furnace immediately 
after fracture to avoid any possible oxidation even in the vacuum 
^ 10  ^ torr. (These specimens were used for subsequent AES and SEM 
examination).
4.2.3. (b) Test Specimen Preparation
The specimens were machined with an annular diamond saw from
larger pieces into rectangular bars (25 mm x 6 mm x 3 nm) which were
notched to a depth of 1.8 ran (30Z of the bar width). It has been
shown Q66] that a suitable relative notch length (^ ) for ceramic
materials lies over a range 0.1 < jj < 0.6. As shown previously
[l67,168j it is not necessary to produce a sharp crack in ceramics
to get accurate data. It is assumed that machining creates an
atomically sharp crack at the root of the notch in ceramics. However
it has been reported [l66]that there is an increase in Kjc with
increase in notch radius. Therefore the thinnest possible blade (notch
radius *v 100 pm) was used for machining the notch. In ceramics, due
to limited plasticity, the ratio of K. /o (o is the plastic yieldic y r y K,
b > 2.5 lc of the teststress) which determines the thickness b
piece [142] is generally small. Therefore unlike in metals, small 
specimens can be used to obtain a reliable value for K^.
V /.
Fig. 4.15: The K^-jig.
Fig. 4.16: The K^-specimen.
Spec imen
Alumina  tube
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4.2.4. The Testing Procedure
The SENB specimen was placed on the jig and introduced into the 
hot zone of the furnace (A small gap was kept between the jig and the 
upper loading rod to allow for thermal expansion). When the vacuum 
furnace was heated up to the required temperature the cross-head was 
moved slowly (speed 'v .005 cm min *) until fracture occurred. The 
dimensions of the sample and fracture level were substituted in the 
following formula to evaluate K^c [l69]
„ 3Pfd j
lc 2 BW
|3.86 - 6.15 (±> ♦ 21.7 <£)2 (4.10)
where d is bending arm ■ -H,-1 ^ and L is outer span ('v 22 mm), I is
inner span ('v 5 mm), W is specimen height, B is specimen width and a
is depth of the notch as shown in Fig. 4.16.
There are four other relationships which can be used to determine
K, , but it has been shown that K, is best evaluated for ceramics using lc lc
the above relation [l67] .
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APPENDIX 4.1
Stress and Strain Equations for Four-point Bend Creep Tests
The four-point bend creep test is analysed here in terms of creep 
compliance [l61] and the general expressions are developed which relate 
the stress (o) and strain (c) to specimen dimensions (Fig. A4.1), applied 
load (p), load point deflection (Y^) and to the stress exponent (n). In 
this treatment the neutral axis is assumed to be at the centre of the 
beam. (i.e. creep properties in tension and compression are identical). 
The strain e at a distance z from the neutral axis is
c - -  (A.1.1)
P
where p is the radius of curvature of the neutral axis within the loading 
points.
In non-linear mechanics creep compliance J can be expressed in the
form
o
where o is stress and n is the stress exponent.
(A.1.2)
Fi g .  A 4-1
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Combining equations A.1.1 and A.1.2
/ n
II (A. 1.3)
For a rectangular beam of width b and height h, the bending moment 
about the neutral axis (M) is defined as
h
2
-h
2
x o lid z (A.1.4)
Substitution of Eqn. A.1.3 into A.1.4 and subsequent integration gives
I
M
[>]''~/n
(A.1.5)
where
, 2n+l 
2b (£) n
*n ^2n+l  ^
n
and is defined as the complex moment of inertia.
The stress at a distance Z from the neutral axis
z1/„(2nil) M
0(Z>------
2b d)  n
Stress in the outer fibre, i.e. at Z - —
(A.1.6)
0o
2 (2n+l) 
bh2
(A.1.7)
Bending moment (M) varies along the beam and it is constant and maximum 
within the loading points.
and
(A.1.8a) 
(A.1.8b)
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Therefore the maximum outer fibre stress
0 - <2ntI>
maX 2bi/ "
For a small beam deflection the radius of curvature is given by
1 _ d2
(A.1.9)
p dx2
(A .1.10)
(y is the deflection at a position x along the beam, see Fig. A.1.1) 
Substitution of Eqn. (A.1.10) into Eqn. (A.1.5) gives
4 ' J (f)"dx 1
(A.1.11)
This equation can be solved for load point deflection Y^, using 
boundary values of M (Equations A.1.8a and A.1.8b) and also applying the 
following conditions
4^ - “ 0 at x = 4  (mid point) dx 2
and
(It is assumed that 4^ is continuous at x dx
at x ■ 0 (end points)
(L-a)
The solution is therefore
L+a(n+l)
2<n+2) (A.1.12)
(Note that Y, is measured in the opposite sense to the y axis). L
At the maximum stress and strain the creep compliance
(o )r max
(A.1.13)
Combining equations (A.1.13), (A.1.12) and (A.1.9) gives
2h (n+2)
Emax (L-a) l_L+a(n+l) | L
(A.1.14)
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When n = 1 (viscous creep), equations A.1.9 and A.1.14 reduce to simple 
elastic beam equations
amax
3(L-a)P
2bh2
(A.1.15)
and
e - -r,— vTTvrx y t (A.I.Hmax (L-a)(L+2a) L
Since n is unknown these two equations (A.1.15 and A.1.16) are normally 
used to calculate creep strain and stress. However if n > 1 these are no 
longer valid.
The Influence of Span Ratio (^) on the Strain Calculation 
Equation (A.1.14) can be written as
e - K(n) Y. max L
The proportionality constant K(n), in addition to its dependence on 
n, is also a function of L and a. The sensitivity of K(n) to n and to 
the ratio —  is shown in Fig. A.A.2 pbl] in which ratio K(n)/K(l) is
cl
plotted for various values of L/a. (Where K(l) is the value of K(n) when 
n “ 1). It is evident that as ^  increases K(n) becomes more and more 
sensitive to the creep exponent and strain is much larger than that 
calculated from the elastic equation. In fact the constant K(n) for 
three-point bending (a - 0) has the maximum sensitivity to n. For small 
£ ratios the elastic equation gives a good approximation. However too 
small ^  values may reduce the experimental sensitivity of the creep
measurement. — values near 2 fall in the limit of n insensitivity anda
give rise to reasonable experimental precision.
K( n )  
K ( 1 )
Fig. A.4.2. Outer-fibre strain sensitivity V£ stress-
1,
exponent-n for different — ratios.
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APPENDIX 4.2
Stress Intensity Factor and Crack Growth Relations 
for the Double Torsion Technique
The double torsion specimen can be considered as two elastic torsion
fig. A4.3 to a load of *’/2. The torsional strain 0 for small deflections 
y for the bars with W >> d is given by the following expression [l39j :
where t “ Torsional moment
- W x f
G = Shear modulus of the material 
a « Crack length
W and d are specimen dimensions and W is the length of the bending arm. r m
bars each having a rectangular cross-section loaded as indicated in
The clastic compliance C “ ■ (A.2.2)
N--------------W — --------*
Fi g .  A 4-3
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The strain energy release rate for crack extension, ^ is related to 
the specimen compliance by the expression
s ■ 4- (£)
where A « area of the crack.
If the shape of the crack front is independent of crack length (except 
for cracks approaching the end of the specimen);
A * a x dn
where d^ * plate thickness in the plane of the crack.
Then P"S “ 2d
(A.2.4)
By differentiating equation A2 with respect to a and substituting in 
equation A4 we get
„2 3 W 3P2W 2P m _ m
5 “ 2d • u .3n Wd G 2Wd d G n
The stress intensity K is related to g by
1
Ki “ <E 9
where E is elastic modulus, so
2 2 3 EP^W z m
.1
2 Wd d C n
(A.2.5)
(A.2.6)
(A.2.7)
Since E and G are related by
G " 2(l+v) 
Therefore equation A7 reduces to
[m m
where v is Poisson's ratio.
K, - P W 1 m TWd d
(A.2.8)
(A.2.9)
A.P
where A - W_ 3 (l*v)— 3----Wd d
The numerical factor 3 in this expression increases slightly
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with the increase in specimen thickness. The value 3 is approximately 
correct (equation Al) as ^ decreases [l7ol • Therefore for thicker 
specimens is higher than that given by equation A9 and it is better 
to use following equation [171-]?
1
1 1’ W wd3 d (1 - 1.25 -) n w
(,\.2.10)
It can be seen that the elastic compliance is linearly related to all 
crack lengths in equation A2 and vanishes when a = 0. But it can be seen 
from compliance calibrations that this is not true. Therefore
the load point deflection of the D.T. specimen can be expressed accurately 
in the following way.
y “ P (Ba + c) (A.2.11)
where B is the slope and c is the intercept of the compliance crack length 
calibration. Earlier analysis (from equation A2) shows that this slope is
3 Wn _ mB - ----5-
W d C
(A.2.12)
Differentiating equation A. 11 with respect to time (t) gives
g -  (Ba ♦  c) g  ♦  BPV (A.2.13)
dawhere V * -r- (crack velocity), at
For a fixed displacement (relaxation method) ^  “ 0
.. _ -(Ba ♦ c) dP 
V ------ BP--- ‘ It (A.2.14)
and P(Ba + c) - P.(Ba. * c) - Pf(Baf + c> where a ^  P. are initial values
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and a^ ., are final values of crack length and load.
Therefore V (A.2.15)
For large a^ and a^. (c << B) the velocity equation reduces to
(A.2.16)
Thus the crack velocity can be obtained directly from the rate of load 
relaxation at fixed displacement and initial or final crack length.
At constant displacement rate (Incremental method) it has been found
that crack propagation occurs at constant load, when 'plateau' behaviour 
dPis observed. Then -j— = 0. The equation A. 13 reduces to
The generalised crack propagation equation at any temperature is 
given by (Section 2.2.2)
where a, n arc constants and Q is the apparent activation energy for the 
slow crack growth mechanism. R is Gas constant and T is the absolute 
temperature.
Combining cqn. A9, K -A.P and A. 18;at constant temperature
. „ n«-ly a Kj
For two displacement rates y^, y2 and corresponding plateau loads Pj, P^
(A.2.17)
(A.2.18)
n+1 n+1
(A.2.19)
Bi
n = log log - 1 (A.2.20)
Hence the load increment gives directly a value for the slope n of 
the Kj - V diagram.
For a change in temperature from T. to and constant y equations
R T T
Q = --- -— - (n+1) In
(T -T )
(A.2.21)
The a c t i v a t i o n  e n e rg y  c a n  be o b t a i n e d  d i r e c t l y  from th e  lo a d  in c re m e n t  method
when n h a s  been d e t e r m i n e d  from e q u a t i o n  A20.
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n = log (A.2.20)
Hence the load increment gives directly a value for the slope n of 
the Kj - V diagram.
l'or a change in temperature from T. to and constant y equations
Q
R T t T2
(Tj-Tj)
(n+1) In (A.2.21)
The a c t i v a t i o n  e n e r g y  c a n  be o b t a i n e d  d i r e c t l y  from  th e  lo a d  in c re m e n t  method
when n h a s  been  d e t e r m in e d  from  e q u a t i o n  A20.
CHAPTER FIVE
HIGH TEMPERATURE CREEP
In this chapter bend and compressive creep data for the nominally 
single phase Sialon ceramics is analysed and possible high temperature 
creep mechanisms are discussed in relation to microstructural observations.
5.1. Analysis of Creep Data
5.1.1. Bend Tests
Fig. 5.1 shows a set of 4-point bend creep curves for various 
temperatures and stresses for Si-Al-O-N ceramics B and C with comparison 
plots for commerical Si^N^ and SiC [.172] ceramics. The creep curves 
demonstrate the marked differences in average creep rate for a given 
temperature and stress, for the two ceramics (B and C) prepared with 
different additives. The creep resistance of B is inferior to a high 
grade Si^N^ (HS 130) and C shows a very low creep rate approaching to 
that of SiC after a long transient period. These observed creep strains 
under the same test conditions are similar to those listed in Table 3.1b 
(Lucas standard creep data). The Mn-containing ceramic exhibited a 
relatively low plastic strain and failure occurred showing a short 
tertiary creep region. In contrast, ceramic C exhibited very large 
strains (''< 43!) without creep failure. Creep failure occurred only at 
high stress levels and a tertiary creep region was not observed.
5.1.1. (a) Stress Dependence of Creep Rate
Stress exponents (n) for ceramic B (Fig. 5.2) at different 
temperatures, determined from incremental stress-change experiments, 
exhibit non-integral (n ^ 1.5-1.6) values typical of commercial SijN^
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ceramics. These values are independent of sense of the changing stress 
(increasing or decreasing steps). Open and closed circles at 1300°C 
are for two separate specimens for decreasing and increasing stress 
increments respectively.
A contrary behaviour was observed for ceramic C in stress change 
experiments. The stress exponent changes from n < 1 to n > 1 depending 
on the sense of the incremental stress change. This effect is shown in 
Fig. 5.3 for two separate specimens at 1300°C (arrows indicate the sense 
of stress change). However the measured creep rates on a re-loaded specimen 
(the specimen which was used for the stress decreasing test) exhibited 
a linear stress dependence (n « 1). In stress-decreasing tests a creep 
recovery process could influence the subsequent creep rate measurement 
and this leads to a higher n value. However the observed recovery rates 
were very small and sufficient time ('v 30 hours) was allowed before the 
subsequent creep rate measurement. This anomalous behaviour of ceramic C 
is explicable as a non-steady state creep behaviour and will be discussed 
later.
5.1.1. (b) Temperature Dependence of Creep Rate
Analysis of activation energy for creep via. incremental temperature 
tests confirms the differences in behaviour between Mn and Mg-containing 
ceramics. Ceramics A and B show similar behaviour (Fig. 5.4) and have 
an average value *v 488 k Jmol 1 for the activation energy. This activation 
energy value is slightly lower than that reported for commercially 
available SijN^ ('v 600 k Jmol *)•
The temperature-variation tests on ceramic C (Fig. 5.5) show a similar 
transient behaviour as in the stress change test. The curves have an 
increasing negative slope with increasing temperature and time. The
Fig. 5.2: Stress-exponents (n) for creep of Si-Al-O-N B at 
various temperatures. Open and closed circles at 
1300°C are for two separate specimens for decreasing 
and increasing stress increments respectively.
Closed square symbols are from temperature-change 
experiments.
Fig. 5.3: Stress-exponent plots for Si-Al-O-N C.
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A c t i v a t i o n  e n e rg y  p l o t s  for Si-Al-O-Ns A and B.
5: Activation energy plots for Si-Al-O-N C in air 
and vacuum.
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lower two curves represent the creep rate variation in air with temperature
. -2 -2 increment at two different stress levels (77 MNm and 65 MNm ) for
two different specimens. The non-steady state behaviour of this material
introduced complications in the determination of activation energy for
the creep process. The apparent activation energy (Q) was calculated
from the slope of the curve at different points. Q approaches a value
'v- 600 k Jraol * from it s initial value 300 k Jmol * with increasing
temperature and time.
5.1.1. (c) Effect of Atmosphere on Creep
To examine whether this non-steady state behaviour is related to an 
atmospheric effect a vacuum creep test was performed on a small 4-point 
bend specimen (3 mm x 3 ram x 25 mm, span L * 20 ran and a * 10 mm) in 
the Instron vacuum furnace (''< 10  ^ torr). A constant load was applied 
by means of the load cycling device in the Instron machine. The strain 
was measured using a LVDT which was mounted on the Instron cross-head.
Due to inconvenience in using the Instron machine for long creep runs 
only one creep test was carried out in vacuum.
-2The upper curve (Fig. 5.5) represents the creep rates at 77 MNm
in vacuum for different incremental temperatures on a single specimen.
This shows somewhat higher creep rates in vacuum characterising a lower
activation energy, in the initial part of the test. However the creep
rates in vacuum approach a similar value to that in air (at same stress 
_277 MNm ) with increasing temperature and time. The similar creep rates 
in air and vacuum in the final part of the test indicate that the 
difference in creep rates in the initial part is not due to the scatter 
between the specimens or difference in test techniques. The observation 
of higher creep rates in vacuum is contrary to that reported for 
commercial Sijf^ [87]. However this observation indicates that the non-
8 4
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steady state behaviour of ceramic C is sensitive to the test environment.
5.1.1. (d) Effect of Transient Creep Behaviour on Creep Parameters
The extensive transient creep behaviour of ceramic C is clearly 
evident from fig. 5.6 in which the creep rate under a constant stress 
(44 MNra “) and temperature (1400°C) is plotted against time. During 
this transient period a stress or temperature increment test will not 
show the correct creep response and will lead to lower n or Q values.
Stress increment tests performed at the end of this creep test resulted in 
n 0.9 (Fig. 5.7 upper curve). A similar test on another specimen at 
1350°C (allowed 72 hours for the transient period) resulted in n ^ 0.8 
(Fig. 5.7 lower curve). This experiment clearly demonstrates the effect 
of transient behaviour on creep parameters (n and Q) and explains the 
observed behaviour of ceramic C. Although these observations indicate 
that this behaviour is not due to the test method (the limitations of 
the bend test have been discussed at the beginning of Chapter 4) the 
stress and temperature variation tests were repeated in uniaxial compression 
to avoid any complications. More recently a similar observation of a 
decrease in creep rate with time, under compressive creep conditions has 
been observed on different Si^N^ alloys [173] .
cs
5.1.2. Compressive Creep Data
-2Fig. 5.8 shows the stress ('v- 50-250 MNm ) exponent plots for ceramics
. , . .6)
A and B. For comparison, compressive creep data for commercial Si^N^
(HS 130) [174] h as also been included. Both ceramics (A and B) exhibit 
less stress-sensitivity than that of HS 130, but show slightly higher 
creep rates at low stress levels. The stress exponent value ('v 1.5) is 
similar to that obtained from bend tests, but the creep rate for a given
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Fig. 5.6: Decrease in creep rate with time at a constant 
temperature and stress (Si-Al-O-N C).
Fig. 5.7: Stress-exponent (n) plots for Si-Al-O-N C after
long test-times. Open circles are from temperature 
variation tests.
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stress and temperature is nearly a factor of 2 slower which is similar 
to that reported for Si^N^ Ql75j.
Ceramic C (lower curve of fig. 5.9) shows a similar variation with 
stress and time to that obtained from the bend test at 1300°C (the 
dotted line). The upper straight line (closed circles) represents a 
stress-change test at 1350°C in which the creep rates were obtained 
allowing 72 hours for transient creep (similar to the bend tests shown 
in fig. 5.7). The stress exponent value (n 'v 0.8) is similar to that 
obtained from the bend test. The compressive creep rate of ceramic C 
is approximately equal to the bend creep rates under a given stress and 
temperature. This behaviour is different from that of ceramic b and 
Si3 N4  [175].
Fig. 5.10 shows the effect of temperature on creep rates for sialon 
A, B and C. Ceramics A and B show similar temperature dependence, but 
A has slightly higher creep strength as observed in stress dependence 
experiments. A and B have an average activation energy of 'v 482 k Jmol 1 
which is similar to the earlier value obtained from the bend tests 
(<v 488 k Jmol *).
The lower curve represents an average of two sets of data obtained
-2from two different specimens at 160 MNm of ceramic C. The small ce
scatter in creep rates may be due to the structural differences between 
individual specimens. However, the temperature dependence is similar to 
that obtained from the bend tests (Fig. 5.5) and shows a similar variation 1 6 )
in activation energy. c
The compressive creep data confirms the previous bend-creep results 
and demonstrates that the non-steady state behaviour observed in ceramic C 
does not result from the inhomogeneous stress and strain within bend 
specimens. The creep parameters obtained from both methods are listed 
in Table 5.1.
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Fig. 5.8: Stress-exponent plots for Si-Al-O-Ns A and B 
(compressive creep).
Fig. 5.9: Stress-exponent plots for Si-Al-O-N C 
(compressive creep).
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Fig. 5.10: Activation-energy plot* for Si-Al-O-Ns A, B 
and C (compressive craap).
Si-Al-O-N Bend Tests Compressive Tests
ceramic n Temperature n Temperature
A - - 1.52 + .15 1300°C
1.46 + 0.19 1200°C _ _
B 1.52 + 0.12 1250°C - -
1.56 + 0.11 1300°C 1.51 + 0.08 1300°C
- - 1.56 + 0.07 1350°C
1.04 + 0.06 1300°C _ 1300°C
C 0.82 + 0.11 1350°C 0.82 + 0.06 1350°C
0.86 + 0.09 1400°C - -
Q k Jmol * Stress MNm ^ Q k Jmol * -2Stress MNm
A 483 ♦ 11 64 479 ♦ 17 170
B 492 + 18 54 485 + 14 170
C »V. 350 77 -v 350 160
Table 5.1; Bend and Compressive Creep Data of Ceramics A, B and C.
(Owing to the transient behaviour of these ceramics, the measured creep 
rate for the initial stress level is slightly higher than that anticipated 
from the subsequent experimental points and therefore these data points 
were not used in calculating the slope using least square method [176]).
5 . 2 .  M i c r o s t r u c t u r a l  A n a l y s i s  o f  the  Deformed S pec im en s
Ceramics A and B which have non-integral (n > 1) stress exponents 
are observed to undergo extensive cavitation, initiated at grain triple­
junctions throughout the range of creep strain. These are imaged in 
electron-transparent sections (thin slices were cut from the pure bending 
section parallel to the stress axis) as isolated cavities which frequently 
have prism-plane facets formed probably via. surface diffusion (Fig. 5.11).
As these cavities only appeared in the deformed specimens, it is unlikely 
that they were created during the ion-beam thinning. Furthermore, the 
observation of cavities in thicker regions of the specimen (Fig. 5.12) 
confirms that they were not created during the ion-beam thinning (a 
JEM 200 Electron Microscope, 200 kV was used to observe thicker regions).
It was also observed that the cavities begin to form at a very early 
stage (within the primary creep region) in the creep test. Fig. 5.13 
shows the cavitation of a specimen which was crept for 12 hours at 1300°C 
(about 0.4% strain). At larger creep strains the cavities occupy whole 
grain facets, occasionally interconnecting to form large internal cracks. 
Other than cavities the microstructure was characterized by similar 
features that were observed before creep. The Mn-rich particles were 
still present as fine particles with similar distribution.
In contrast the microstructures of ceramic C before and after creep 
deformation were indistinguishable (Figs. 5.14 & 5.15). There was no evidence 
for cavitation even after large creep strains. This marked difference 
in the deformation behaviour between the two types of ceramics was 
clearly visible in the macroscopic appearance of crept specimens (Fig. 5.16). 
The extensive surface cracking observed in bend creep specimens of ceramic 
A and B is a direct result of cavitation. Creep fracture surfaces 
exhibited a roughened area adjacent to the tensile side of the bend
Fig. 5.11s T.E.M. showing cavitation in Si-Al-O-N A 
(deformed at 1400°C).
Fig. 5.12: 200 kV T.E.M. showing cavities in thicker regions
of Si-Al-O-N B.
Fig.5'11
Fig. 5.13: Cavitation of Si-Al-O-N B within the primary 
creep region (12 hours, 'v 0.435 strain).
Fig. 5.14: T.E.M. showing non-cnvitating behaviour of Si-Al-O-N 
C after * 435 strain.

Fig. 5.15: The absence o£ cavitation in Si-Al-O-N C even_2
under a relatively large stress ('v 138 MNm ).
Fig. 5.16: Bend-creep specimens of Si-Al-O-Ns B and C.
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specimens and fracture mode was intergranular. These fracture surfaces 
were similar to the high-temporature K^-fracture surfaces which will 
be discussed in chapter six. The compressive specimens contained a 
small crack parallel to the stress axis. Ceramic C showed no visible 
surface cracks even after large creep strains ('v 4%). The creep failure 
of this material occurred only at high stress levels due to a single 
crack and the fracture surface was smooth and flat, unlike ceramics A 
and B.
In both types of ceramic no detectable grain growth or grain 
elongation along the stress axis was observed in the microstructure 
of the deformed materials. Dislocations were observed very occasionally 
in the microstructure and there was no visible change in their density 
after deformation. Furthermore, dislocation motion is unlikely to 
occur at the test temperatures in these predominantly covalent B-Si^N^ 
type ceramics [88,89] and hence the contribution of dislocation motion 
to the creep strain can be neglected.
5.3. Mechanisms for Creep
The creep parameters, particularly stress exponent values, for both 
types of ceramic indicate a marked difference in creep behaviour. This 
difference has further been amplified by the microstructural observations. 
The cavity growth and hence decrease in the effective area supporting 
the applied load could be responsible for the observed non-Newtonian 
behaviour (n > 1) of the Mn-containing ceramics. Therefore the creep 
mechanisms in these ceramics (A and B) is likely to be that of grain 
boundary sliding in which the shape-acconsnodation is mainly via. 
cavitation (Fig. 5.17a). The sliding of grain boundaries due to an
Fig. 5.17: Schematic drawings showing creep mechanisms in
(a) Si-Al-O-Ns A and B and
(b) Si-Al-O-N C.

applied stress develops stress concentrations at irregularities in 
the grain boundaries such as triple junctions. These stresses can 
be relieved either by diffusional processes or cavity formation.
Triple junction glass in the Mn containing ceramic provides ideal 
sites for cavity nucléation at the test temperatures. The possibility 
of cavity nucléation due to the Mn-rich particles observed in the 
grain boundaries is not favoured by the experimental observations on 
heat-treated deformed specimens (this will be discussed in chapter 
seven). However, as mentioned previously in section 2.1.6, the creep 
parameters (n and Q) measured under the condition of varying internal 
stress caused by cavitation are unlikely to provide a meaningful 
indication of the rate controlling mechanism.
In ceramic C the approach of stress exponent value to unity and 
the absence of cavitation indicate that a diffusional process could be 
the dominant stress-relieving mechanism in which diffusion can occur 
either along grain boundaries (Coble creep) or through grains (Nabarro- 
Herring creep). However, the activation energy for lattice diffusion 
in these predominantly-covalent ceramics should be comparatively high 
and therefore it is unlikely that the lattice diffusion is the dominant 
mechanism in these ceramics at the test temperatures. The evidence for 
a grain boundary diffusional mechanism operating in ceramic C is 
provided by the observed non-steady state behaviour, which will be 
discussed in the next section. Therefore the rate controlling creep 
mechanism operating in ceramic C is most likely to be grain boundary 
sliding acconmodated by grain boundary diffusion [36,38], In this model 
(Fig. 5.17b) diffusional flow of matter from compressive facets to 
tensile facets along the grain boundaries (Coble creep) provides the
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accommodation for grain boundary sliding. However it is not possible 
to identify the rate controlling species via. the Coble creep equation 
because of the absence of data for grain boundary diffusion in Si-Al-O-N 
ceramics. For Coble creep the steady state creep rate c is given by [36]
The symbols have the same meaning as before (see section 2.1.1). 
Although in this model the deformation is described in the tensile 
mode it should be equally valid in the compressive mode. It was also 
observed in ceramic C, that the creep rate in compression and in 
bending are nearly equal under the same test conditions and therefore 
to calculate the grain boundary diffusion coefficient for the Si-Al-0-N 
system, compressive creep data as well as bend creep data can be used. 
However, due to the non-steady state creep behaviour of this material 
the calculated diffusion coefficients may show somewhat higher values. 
This could be avoided in using approximate steady-state creep values 
obtained in the final part of a activation energy plot, which is 
approximately linear. The estimated values for 6D^ at 1375°C from 
compressive and bend data are listed below.
estimated from the unit cell volume. As there was no measurable 
grain growth observed during creep tests the initial mean grain size 
1.25 p was used for d. Assuming the effective grain boundary width
boundary diffusion coefficient can be obtained. Thus the average 
&b from both test methods;
UicoiWD,be * 3kTd
6D. « 6 x 10
D
(From compressive data)
6D, « 10 x 10 b (From bend data)
- 29 3The atomic volume (1 was taken as 1.06 x 10 m , which was
6 is similar to that obtained in lattico imaging (7 X), the grain
9 1
-16 2 -1 D, = 1 x 10 m s  b
This grain boundary diffusion coefficient together with the 
activation energy can be used to obtain the diffusion equation.
However, as discussed in the next section the progressive change in 
boundary structure with the dc-segrcgation of impurities from grain 
boundaries could result in a 'stabilised' structure to give a 'limiting' 
value for the activation energy which probably approaches that for 
diffusion of Si etc. (or some compound 'molecular' species) within 
a 'pure' grain boundary. This could be achieved via. heat treatments 
and will be discussed in chapter seven together with the determination 
of diffusion coefficient.
5.4. Non-Steady State Creep
It has been shown that the metallic impurities (Mg, Ca, Mn etc.) 
diffuse into the surface oxide film during oxidation of these ceramics 
[177] (A similar observation was made on the surface oxide layer of 
the crept specimens). From Auger electron spectroscopy it was concluded 
(section 3.2.2b) that these impurities (Ca, Mg etc.) are segregated to 
the boundary within a few atomic spacings of each crystal. Therefore 
during the creep tests in air progressive escape of segregated impurities 
into the surface oxide film will change the boundary impurity level 
and structure which may reduce the grain boundary diffusion rate. It 
is believed that this progressive decrease in boundary impurity level 
could increase the density of co-valent Si-N type atomic bonds across 
the grain boundaries to give higher grain boundary cohesion. The 
activation energies for grain boundary diffusion of B' components are 
simultaneously increased resulting in the time-dependent reduction in 
creep rate and 'artificial' values for n and Q. Therefore, the changing
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gradient with temperature in the activation energy plot is not caused 
by a change in rate controlling diffusion from grain-boundary to 
lattice. A single creep mechanism has been confirmed by obtaining a 
single slope in the activation energy plot for a whole range of test 
temperatures (1200 - 1425°C) on heat-treated specimens (this study will 
be discussed in chapter seven).
The evidence of higher creep rates and a lower activation energy 
in vacuum (Fig. 5.5) favours the above explanation for the non-steady 
state behaviour. The slow variation in apparent activation energy in 
vacuum and the gradual approach of the creep rates to that in air is 
possibly due to a slow oxidation (a thin oxide film was observed on 
the crept specimen) in vacuum (hence a slow outward diffusion of 
impurities) or a solid solution of impurities within 6' crystals (or 
both). However, in view of the time scale for the change in creep 
rate, the dominant mechanism must involve oxidation, otherwise diffusion 
rates within 6' crystals must be unrealistically slow (diffusion 
distances are less than grain sizes of ^ 1 pm).
The sensitivity to environment also does not support the possibility
of the changing creep rate resulting from grain growth. To explain the
extreme values of creep rates (¿) observed under constant stress-
temperature conditions (Fig. 5.6), the mean grain size would need to
change by at least lOX if Coble creep is assumed (d a-ir). However, no
d
measurable change in mean grain size was observed in deformed specimens.
In the Mn-containing ceramics, a similar de-segregation and hence 
a progressive reduction in impurity concentration at the grain boundaries 
could lead to a gradual improvement in creep resistance. However, this 
effect was not apparent in the Mn-containing ceramics as in ceramic C, 
possibly due to the dominance of cavitation, which in turn increases 
the creep rate. Hence the observation of an approximately steady-state
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creep in the Mn-containing ceramics may be due to a fortuitous 
combination of the competing processes of cavitation and desegregation.
5.5. Discussion
The major difference in creep behaviour between the two types of 
ceramic results from the presence or absence of intergranular 
cavitation. Cavitation would allow deformation to continue at a faster 
rate than a diffusion-controlled process and this, in addition to an 
increased effective stress, would account for the higher creep rate 
observed in cavitating ceramics (A and B) compared to the non-cavitating 
ceramic (C) under given creep conditions. In these cavitating ceramics 
a diffusional process could also partially contribute to the creep 
strain and the accommodation process in grain boundary sliding could 
be accomplished by partially via. cavitation and partially via. diffusion.
The observation of different creep behaviour of ceramics A (or B) 
and C in compression further amplifies the difference between the two 
deformation mechanisms operating in these ceramics. It has been shown 
that in a compression test the tensile stresses developed are small 
compared to the applied compressive stress and the formation of grain 
boundary cavities depends on tensile stress developed across the 
boundary [95]. This would result in less cavitation in compression and 
hence a lower creep rate. This behaviour was evident in ceramics A 
and B which are susceptible to cavitation. Ceramic C exhibited nearly 
the same creep rates in both testing modes and this is consistent with the 
expected behaviour related to diffusional deformation.
This difference in the creep behaviour between the two ceramics is 
directly related to their observed microstructure. Cavitation is 
believed to be caused by the occurrence of microscopic (< 1000 ft) 
regions of triple-junction silicate glass phase which is a residue of 
the densification process (Chapter 3). Apart from triple-junctions,
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there was no resolvable difference between B' grain boundaries in the 
two ceramics within the lattice-image resolution set by the B' prism 
plane spacing and the instrumental capability. Cavities may nucleate 
within the triple-junction phase at low stresses if the silicate is above 
it s glass transition temperature during the creep test. The Mg- 
containing ceramic (C) contains no detectable triple junction glass 
and hence the cohesive energy of the grain boundary is sufficient to 
prevent cavity nucleation up to the maximum stress and temperature 
studied. From Auger electron spectroscopy it was concluded that grain 
boundaries contain segregated impurities (Mg or Mn, the 'accidental' 
impurity Ca, together with oxygen). The progressive escape of these 
impurities from grain boundaries during creep tests results in the 
time-dependent reduction in creep rate.
It is believed that the presence of triple-junction glass in the 
Mn-containing ceramic is the result of a very low solubility of Mn in 
B" crystals. In the case of Mg, there is some evidence for a small 
solubility of Mg in B' crystals [l78], The solid solution of Mg may 
reduce the residual silicate glass via. simultaneous solid solution 
of charge compensating oxygen. The inability to demonstrate non- 
cavitating behaviour even in high purity Si^N^ ceramics containing Mg 
additives (This contains a residual grain boundary glassy phase) 
demonstrates the importance of Al-substituted ceramics in controlling 
the residual silicate phase [3l] . It has been observed that the 
solubility of Mg in 8' increases slightly with A1 substitution level 
[178].
Finally, an intentional oxidation could be effective in extracting 
metallic ions from grain boundaries and therefore creep data obtained 
from a pre-heat-treated (in an oxidising environment) specimen could
9 5
be used to calculate the diffusion coefficient of a rate-controlling 
species of 6' crystal within a relatively impurity-free grain boundary. 
This approach and a calculation of diffusion coefficients will be 
discussed in chapter seven.
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CHAPTER SIX
HICH TEMPERATURE FRACTURE
This chapter presents an analysis of high temperature fracture 
data and discusses high temperature slow crack growth mechanisms for 
the two Si-Al-O-N ceramics in their 'as hot-pressed' condition.
6.1. Analysis of Fracture Data
6.1.1. Kj-V Measurements
The crack velocity (V)-stress intensity (K^) data at different 
temperatures (1100°C-1400°C) is presented for ceramics B and C in 
Fig. 6.1. There is an excellent fit to straight line logarithmic 
plots for a given material and temperature and good continuity for 
a wide range of crack velocities (10 ^° - 10 ^ ms using the different
techniques discussed previously (section 4.2.2.).
As in the creep behaviour, ceramics B and C exhibit markedly 
different characteristics. The stress intensity exponent (n) for 
ceramic B has a single value (n ■ 6.9 0.2 at 1400°C) above 'v 1300°C
throughout the range of Kj but below this temperature it exhibits a 
2-stage behaviour, rising to n 'v 40 near to Kjc (^ 5 MPam^) with a 
reversal in temperature dependence. This is similar to the K^-V 
characteristics for commercial silicon nitride ceramics f19J . In 
ceramic C the crack growth rate is characterised by a single slope 
(n » 13.5 ♦ 0.4 at 1400°C) for the entire crack velocity range studied. 
This material shows a relatively low sensitivity to temperature changes, 
unlike ceramic B. Ceramic C exhibits a remarkable behaviour of zero 
crack velocity below a critical for a given temperature 
(Kj < 0.25 Kjc at 1400°C( Fig. 6.1). Several 'constant-load' experiments 
were performed below this Kj level and instead of crack-propagation a
Fig. 6.1: Kj~V diagram for Si-Al-O-Ns B and C. The dotted 
lines represent the K1 limit below which sub- 
critical crack growth is suppressed.
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localised zone of anomalous contrast was observed on the surface of 
the specimen around the notch-tip (Fig. 6.2). It is important to note 
that when a sharp crack was initiated (above the critical K p  before 
re-stressing below this level) a similar crack-stabilising effect 
occurred, but at a slightly lower critical Kj and the plastic zone was 
not clearly resolved. This zone was present only after testing below 
the critical level and is believed to be a topographic contrast produced 
by grain rotation due to a localised diffusional creep deformation which 
(at low Kj levels) is effective in relaxing stresses to suppress sub- 
critical crack growth. This type of behaviour was not observed in 
ceramic B even at very low stress intensities (K^ <_ 0.05 at 1400°C).
The measured activation energy Q for the slow crack growth process
(see Appendix A.4.2) was calculated for both ceramics using data in the
lower region of the K^-V diagram in the temperature interval 1200-1400°C.
The average values of activation energies for ceramics B and C are
'v. 800 kJmol 1 and "v 500 kJmol 1 respectively. These values are higher
than that obtained for creep deformation, particularly for the
'cavitating' ceramic. The reported values for Si^N^ (HS 130) also show
similar differences in activation energies for the two processes (Q creep
■v 600 kJmol”1 and Q * 900 kJmol 1). This is probably ancrack growth
'artificial' increase due to increased internal stress-intensity caused 
by cavitation. Furthermore, the rate-controlling mechanism for slow 
crack growth may not be directly related to that for creep, hence the 
activation energies for the two processes may not be the same.
In Fig. 6.3 the 1400°C data for ceramics B and C are also re-plotted
for comparison together with published data for Si^N^ (HS 130) ^129]
and for hot-pressed SiC [ll5] . However in making such comparisons one
should note that the maximum Kj for a particular ceramic is set by the
value of K, (this is high for ceramic B and HS 130 than for ceramic C lc
and SiC). It is also observed that there was a small reduction in
Fig. 6.2: Scanning electron micrograph (SEM) showing the
suppression of crack growth in a zone of diffusional 
creep at the initiating notch, below the critical 
value (Si-Al-O-N C) (mag. 80 x).
' \
Fig. 6.3: A comparison of Kj-V relationships at 1A00°C for 
ceramics B and C with those for coranercial SijN^
and SiC.
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gradient of the K^-V plot with increased specimen thickness (2 mm to 
3 mm) which is prominent only for the cavitating ceramic, increasing 
V by more than an order of magnitude in the lower velocity region 
(Fig. 6.A). This effect is partly due to the error in the calculation 
of K, using equation A.3 assuming — << 1, where d is the specimen 
thickness and u> the specimen width (sec equations A.9 and A. 10 in 
Appendix A.A.2). However this error is very small and is the same 
for the thicker specimens of both types of ceramic. As the thickness 
effect is pronounced only in the cavitating ceramic, it is likely that 
the effect is related to the increase in internal stress-intensity 
caused by cavitation. However it is not clear why the cavity density 
increases ahead of the crack front in thicker specimens under the same 
external stress condition.
Finally, it is worth mentioning that the K^-V data have been 
recorded under high-vacuum conditions over short times compared with 
the creep tests and hence the effect of a time-dependent grain boundary 
structural change which gave rise to the non-steady state creep 
behaviour (section 5.A) is negligible and not apparent in the K^-V 
relation.
6.1.2. « ^ -Temperature Tests
The variation of critical stress intensity factor (K1<;), in the 
temperature range 20°C - 1500°C for ceramics A, B and C is shown in 
Fig. 6.5 in which each point is an average of two to five tests. The 
«^-temperature variation has previously been studied for ceramic A 
[32] and was repeated in the present progranmc with the other two 
ceramics B and C. The behaviour of ceramic B is almost identical to 
that observed for ceramic A [32] and a similar zone of sub-critical
Fig. 6.4s The effect of specimen thickness on the Kj-V 
relation.
Fig. 6.5: Variation in the critical stresa-intensity factor 
(Kjc> with temperature for Si-Al-O-Ns A, B, C, D 
and E.
Fig.6- 5
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crack growth was visible on the fracture surface above a critical 
temperature (v 1100°C). This zone is due to crack propagation at 
stress intensities below during loading at high temperatures 
and visible as a zone of lower reflectivity on the fracture surface.
This effect, which is also characteristic of Si^N^ ceramics [l141» 
is visible on the K^-temperature diagram as an increase in when 
the initial crack size is taken as the sawn notch depth together with 
the zone of sub-critical crack growth. It was also observed that 
the extent of the region of sub-critical crack growth increases with 
decreasing strain rate. This high temperature behaviour is consistent 
with the observation of a reversal in temperature dependence in the 
high velocity region of Kj-V diagram (Fig. 6.1). In ceramic C, 
appears to be relatively insensitive to temperature change and there 
was no evidence for a zone of sub-critical crack growth even after a 
very low strain rate fracture test at 1500°C. The comparison between 
Kjc~temperature and K^-V temperature diagrams show a reasonable agreement 
between Kjc values and the 'limiting' values at high velocities 
(Kj •* Kjc> for both ceramics.
These fracture tests further amplify the essential difference 
between the behaviour of ceramics which have been prepared with different 
additives. As an additional study to determine the influence of 
additive chemistry on the susceptibility to sub-critical crack growth, 
a preliminary Kjc-temperature test was performed on two 'additive-free' 
Si-Al-O-N ceramics (D and E). Although the comparison was made with 
x “ 1 ceramics (A, B and C) the 'additive-free' specimens were prepared 
(at the Lucas Research Centre) with a higher A1 substitution level 
(x “ 2) to obtain a reasonable density. The 'additive-free' materials 
prepared with a low substitution level x ■ 1 contain large pore densities
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which could mask the effect of the temperature variation. It is 
believed that the densification in x » 2 ceramics is assisted by the 
silicate liquid formed at 'v 1600°C from the reaction between SÌO2  
and AIN or A^O^. These two ceramics D and E, in which no triple­
junction glass was observed, showed a similar behaviour in the Kj - 
temperature test to that of ceramic C and no evidence for a slow 
crack growth zone was observed (Fig. 6.5). This comparison re­
emphasises the importance of additive chemistry in relation to high- 
temperature mechanical properties.
At low temperatures (< 1100°C) ceramics A and B have a nearly 
constant value for (■v 4.8 MPanJ) which is similar to that reported 
for commercial Si^N^ [ 19 ] . The mean K^c value for ceramic C ('v 3 
MPanJ) is less than that of ceramics A and B. The lower mean value 
of Kjc for ceramic C may result from it's more equiaxed grain morphology, 
providing a less tortuous intergranular crack path. As discussed 
previously, the Mn-containing ceramic is believed to retain a larger 
volume fraction of liquid silicate phase during the final stages of 
densification and this favours an increase in the c/a ratio of grain 
dimension in the hexagonal prism morphology [Ì78]. The elongated 
nature of grains may lead to a higher grain pull-out during crack 
propagation and this could increase the effective K^. An alternative 
explanation is the crack-'blunting' effect of the relatively weak grain 
boundaries normal to the direction of fast crack propagation in the 
Mn-containing ceramic. A difficulty with such explanation is the 
observation of substantial transgranular fracture (as discussed below) 
in both ceramics at low temperatures where the difference in K]c is 
still apparent.
6 . 2 .  M i c r o s t r u c t u r a l  A n a l y s i s  o f  F r a c t u r e  S u r f a c e s
6.2.1. K, -Fracture Surfaces— le  ----------------------------
Fig. 6.6a is a low magnification scanning micrograph of a high-
temperature (1400°C) fracture surface (K, -fracture surface) of1 c
specimen B. The slow crack growtli zone (A) was distinguishable from 
the fast fracture zone (B) due to the topographic contrast of it's 
undulating surface. This surface topography is similar to that 
previously observed on specimen A [32]. The extremely rough slow- 
fracture zone indicates a gross deviation of the crack path from 
the mean fracture plane during propagation. The creep fracture 
surfaces of ceramic B also showed a similar appearance adjacent to 
the tensile side of the bend specimen. The extent of the slow crack 
growth zone (A) varied with the test temperature and was not visible 
below 1100°C. As mentioned previously, the slow crack region has 
been included in calculating K at high temperatures (_> 1100°C).
In contrast, the fracture surface of ceramic C (Fig. 6.6b) was macro- 
scopically flat and similar to the low temperature fracture surface 
of either ceramic. Low-temperature fracture of these ceramics was 
predominantly transgranular (Fig. 6.7) which was characterised by 
large flat regions containing many 6' grains. The proportion of 
intergranular fracture increases with temperature and above 1200°C 
the fracture surface of ceramic B (or A) was completely intergranular 
(Fig. 6.B at 1400°C) in both slow and fast zones.
6.2.2. J<j-V Fracture Surfaces
For ceramic B the amount of fracture surface undulation was 
observed to vary with temperature and velocity. The fracture 
surfaces above 1300°C were extremely rough for all crack velocities
Fig. 6.6: (a) SEM showing the differences in fracture surface
topography between the region of slow crack growth 
(zone A) and a region of fast fracture (zone B) 
of Si-Al-O-N B (HOO°C) (mag. 30 x).
(b) The absence of a slow crack growth zone in 
Si-Al-O-N C (1400°C) (mag. 30 x).
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Fig. 6.7: A typical low-temperature fracture surface showing 
mainly transgranular fracture at low temperatures 
(mag. 3000 x).
Fig. 6.8: A typical high-temperature (1400°C) fracture 
surface of Si-Al-O-N B showing intergranular 
fracture (mag. 3000 x).
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(10 - 10 ms ) and the appearance was similar to the slow crack
growth region (A) in Fig. 6.6a. However, at low temperatures this 
extremely rough appearance was restricted only to the low velocity 
region (< 10 ms ) and in the higher velocity region the fracture 
surface was relatively smooth and similar to the fast crack growth 
region B in Fig. 6.ba. The change in gradient of the K^-V plots 
at low temperatures appears to be associated with the topographical 
variation in fracture path. This is further evident from the 
comparison of double torsion fracture surfaces from specimens 
fractured at 1200°C with velocities 'v 10 8 ms 1 and ^ 10  ^ms  ^
respectively (Fig. 6.9).
In ceramic C the fracture surfaces were relatively smooth for 
all crack velocities and temperatures in Fig. 6.1. Unlike ceramic B 
(or A), a small fraction of transgranular fracture was retained at 
high temperatures (1400°C) and showed a relatively small amount of 
grain pull-out during crack propagation (Fig. 6.10). There was no 
detectable topographical change in fracture path with increased 
velocity and this is consistent with the observation of a single 
slope in the Kj-V plots for this ceramic.
6.3. Mechanisms For Slow Crack Crowth
The low stress exponent (n •v 7) in the Kj-V relation and rough 
surface topography of the fracture surfaces of ceramic B are 
characteristic of a mechanism for slow crack growth via. inter­
linkage of intergranular cavities, initiated by grain boundary 
sliding (Fig. 6.11a). This is supported by the observation of creep 
cavitation in ceramics A and B and the appearance of multiple cracks 
in bend specimens.
In ceramic C sub-critical crack growth is restricted to a 
narrow region of Kj which is characterised by the higher n value
Fig. 6.9: A double-torsion fracture surface of Si-Al-O-N
B showing slow and fast fracture régions (1200 C).
Fig. 6.10: A high-temperaturc (1400°C) fracture surface of 
Si-Al-O-N C (mag. 3000 x).
I
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(n 13) and there is also a 'threshold' value of Kj below which 
cracks are 'blunted' via. diffusional creep. The fracture surface 
topography indicates that slow crack growth is due to the propagation 
of a single crack (Fig. 6.11b). The different behaviour in crack 
propagation of the two types of ceramic (A or B and C) is consistent 
with their creep behaviour. Slow crack growth mechanisms inferred 
from the K^-V data and the microstructural observations of fracture 
surfaces of these Si-Al-O-N ceramics will be discussed below with 
a brief introductory review of cavity nucleation and growth mechanisms.
6.3.1. Cavity Nucleation and Growth Mechanisms
6.3.1. (a) Nucleation
The nucleation and subsequent growth mechanisms for cavities 
in metallic materials under creep conditions has been studied 
extensively by many workers and has been reviewed by Perry [l79]. 
Creenwood ot al [l8oJ proposed that at high temperatures and low 
stresses cavities could nucleate and grow due to vacancy condensation 
on grain boundaries which experience a normal tensile stress. It 
was pointed out subsequently by Ballufi et al [l8l] and Machlin [182] 
that homogeneous nucleation by vacancies required a high vacancy 
supersaturation which could be considerably greater than that which 
normally occurs in metals under creep conditions. This is simply due 
to the fact that the applied tensile stress across the grain boundary, 
alone can not provide a sufficient potential gradient for cavity 
nucleAtion by vacancy condensation. Chen and Machlin [l83] showed 
that any discontinuity on a grain boundary (e.g. ledges, triple 
junctions, second phase particles etc.) could act as a stress con­
centrator during grain boundary sliding. This stress concentration
Fig. 6.11: Schematic drawings of slow crack growth;
(a) via. intcrlinkage of intergranular cavities,
(b) due to a single crack,
(c) by coupled surface and grain boundary diffusion.
c
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could cause local rupture of atomic bonds [l84] or increase the 
potential gradient for vacancy condensation to nucleate a cavity [l85].
However, there is a 'threshold' stress below which cavities can not be
cavity in a grain boundary under the influence of a tensile stress 
assuming that vacancies cluster together to form a cavity. They used 
the concepts of classical nucléation theory to obtain the 'threshold'
the steady state cavity nucleation rate in grain boundaries, where 
Ys is the free surface energy and r c is the critical radius below 
which the cavity is unstable. For cavities smaller than this critical 
size, the applied stress is not sufficient to overcome the surface 
tension forces and hence sintering occurs. It was shown that the 
steady state nucleation rate increases exponentially with the tensile 
stress and they further showed that triple junctions and second phase 
particles are the most favourable sites for cavity nucleation [l85,187].
6.3.1. (b) Growth
Many workers [180,181,188] concluded from their experimental 
observations that the stress assisted diffusion of vacancies from the 
nearby grain boundary to the cavity surface is the major mechanism of 
cavity growth at high temperatures and low stresses. Hull and Ritimer 
[189] developed a model considering an array of spherical cavities in 
a grain boundary growing spherically by vacancy absorption from the 
adjacent grain. They obtained an expression for the cavity growth 
rate in terms of the applied stress assuming that the distance 
between cavities is large compared to the cavity radius. Speight et 
a 1 [l90] modified this theory by imposing different boundary conditions.
nucleated |l8h]. Raj and Ashby |185] analysed the nucleation of a
stress
c
for cavity nucleation and also to obtain a relation for
However Weertman [l9lj pointed out that Speight et al also used an 
improper boundary condition for their derivation and he made a further 
correction to the Hull-Rimmcr equation showing that the average stress 
across the grain boundary must be equal to the applied stress. The 
modified equations [l90,19l] predict higher cavity growth rates than 
that of the Hul1-Rimmcr equation. However, in all these cases growth 
of a spherical cavity was considered rather than the growth of an 
elongated cavity which seems to be more realistic in view of experi­
mental observations [192,193].
Raj and Ashby [185] analysed the growth kinetics of non-spherical 
cavities at different grain junctions and combined the nucleation and 
growth rates to obtain the time to fracture relations. A shape 
factor which depends on the nucleation site of cavities on the grain 
junctions and the surface tension forces of the interfaces, has been 
included in this analysis |"_185].
The above theories have been proposed to explain boundary 
cavitation in metallic materials which were presumed not to contain 
a grain boundary phase. However most of the structural ceramics 
(e.g. Hot-pressed Si^N^) contain a thin amorphous phase between the 
grain boundaries which acts as a viscous fluid at high temperatures.
6.3.1. (c) Materials with a Liquid Boundary Phase
The presence of this fluid layer at grain boundaries makes grain 
boundary sliding much easier than it would occur in a 'pure' grain 
boundary. If the grains do not deform plastically by dislocation 
motion or the diffusional processes are not fast enough to accoranodate 
grain boundary sliding, wedge shaped cavities would form at the 
boundary junctions as proposed by Cottrell [l86], Kossowsky [87]
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explained cavitation and failure mechanisms of hot-pressed Si^N^ 
using a similar model.
In an attempt to understand the deformation and fracture behaviour 
of polycrystalline materials with a liquid boundary phase Lange |l9A]
adhesives. They suggested that the intergranular fracture of a poly­
crystal with a liquid boundary phase is analogous to fracture in an 
adhesive layer. Lange [194] and Raj [196] also showed that a 
'threshold' stress is necessary to form a bubble in the liquid phase 
and is given by
the diameter of the bubble is equal to the thickness of the glass 
layer. However, more recently Raj [196] has shown that 
their previous adhesive layer model does not describe the failure 
mechanism in hot-pressed Si^N^. It has also been proposed that 
cavity nucleation and growth in the glass pockets at triple-junctions 
due to large tensile hydrostatic stress produced by grain boundary 
sliding is the rate controlling failure mechanism in this ceramic.
A model, based on grain boundary sliding has been proposed by 
Evans f116] in an attempt to describe the Kj-V relation for a SijN^ 
ceramic containing intergranular residual glass. According to this 
model the craek growth rate at high Kj levels (Kj K1<;) is given 
by [}U>]
and Raj and Dang 1195] used an analysis based on theories of liquid
o
4 y
th ho
thickness of the glass layer. Here it has been assumed [l94] that
n
( 6 . 1 )
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where is a critical sliding displacement, k is the proportionality
constant and N(=l) is the stress exponent in the sliding equation,
d the grain size and f(6) is an angular dependence of the shear
stress near the crack tip. The rapid increase in Kjc in Si^N^ above
a critical temperature was explained in terms of a crack 'blunting'
effect via. an increase in 6 due to a decrease in the viscosity ofc
the intergranular phase. However, the above equation does not 
provide a quantitative prediction of crack growth. In practice the 
Kj-exponent is much larger than unity (n 'v 7).
6.3.2. Cavity Nucleation and Crack Growth in Si-Al-O-N Ceramics
Microstructural study of ceramics A, B and C revealed no evidence 
for the presence of cavities in 'as hot-pressed' materials. The 
observation of cavitation in ceramic A and B under creep conditions 
indicates that they have nucleated and grown during creep deformation. 
This has been discussed in section 5.3 and it was concluded that 
cavities nucleate in triple-junction glass due to grain boundary 
sliding during creep. Crain boundary sliding could produce large 
tensile hydrostatic stresses in the triple junction glass [l96] 
which is a viscous fluid at high temperatures and this stress could 
exceed the 'threshold' stress | h for cavity nucleation even under 
a low applied stress. The surface energy of the residual glass at 
triple junctions could be relatively small compared to that of a solid. 
Therefore, the 'threshold' stress for cavity nucleation in ceramics 
A and B is likely to be lower than that for ceramic C which does not 
contain triple junction glass. The faceted B‘-liquid interface could 
also provide a surface of relatively low energy in these ceramics and 
cavity nucleation in these interfaces is highly probable. This is 
evident from the observed slow crack growth at low Kj levels and
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creep cavitation at low stress levels. In the higher-velocity region 
grain boundary sliding seems to be sufficiently rapid to cause crack 
'blunting' and this may increase the effective level at the tip 
of the primary crack. The amount of grain boundary sliding increases 
with increasing temperature and gives rise to an increase in K ^ -  
level with temperature and also to the reversal in temperature 
dependence at higher velocity region of K^-V diagram (Fig. 6.1).
These observations suggest that slow crack growth in ceramics A and 
B is due to inter-linkage of intergranular cavities initiated by 
grain boundary sliding as in hot-pressed Si^N^ [ll6]. Ceramic C 
contains no detectable triple junction glass and the relatively high 
surface energy results in a higher 'threshold' stress for cavity 
nucleation. This is supported by the observation of non-cavitating 
behaviour in creep deformation even at high stress levels and the 
suppression of slow crack growth up to a relatively high level.
At very high levels cavities may nucleate and grow in grain 
boundaries by diffusional mechanisms. However, the nucleation and 
diffusion-controlled growth of cavities will be restricted to a more 
'localised' stress field at the primary crack tip. This is evident 
from the less tortuous fracture path of ceramic C. It is also important 
to note that the brittle ceramics always contain inherent flaws (in 
the case of a crack propagation test a pre-initiated crack) which 
could grow by diffusional mechanisms and therefore the cavity 
nucleation stage may not be essential for crack propagation.
However, most of these models discussed previously (section 6.3.1) 
are based on cavity growth rather than crack propagation. In these 
models the ' time-to-fallure' was obtained by calculating the time for 
inter-linknge of the grain boundary cavities. Hence it is difficult 
to compare the present data directly with most of these models because 
they do not predict the K,-V relation. However, Stevens and Dutton Q3lJ
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and Dutton [l97j have developed a model for high temperature crack
propagation by diffusional processes and this model is based on a
calculation of the total chemical potential of atoms at the crack
tip and predicts that vacancies will be either attracted or repelled
from a crack tip according to the magnitude of the applied stress
(i.e. below a critical stress crack growth would not occur). In this
model, propagation of a Griffith-type crack has been considered and
hence the chemical potential of the atoms at the crack tip due to the
strain field at the crack tip depends on the square of the applied
2
stress. This has led to a (stress) dependence for crack growth by 
grain-boundary diffusion. This low K^-exponent would not account 
for the crack growth behaviour of ceramic C. However a recent model 
for diffusive crack growth by Chuang [l98] seems to have several 
features that describe the K^-V data for ceramic C (for high crack 
velocities this model predicts V a relation and also a 'threshold' 
Kj-value for rapid crack growth) and therefore the crack propagation 
data for ceramic C was compared with that predicted by this model.
6.3.3. Plain-strain Elastic Model of Chuang
This model Ql98] considers a semi-infinite grain-boundary crack 
growing in an infinite bi-crystal due to coupled surface and grain­
boundary diffusion. The atoms removed by surface diffusion from the 
crack surface flow into the grain boundary ahead of the crack tip due 
to the gradient of chemical potential which arises from the varying 
curvature along the crack front (Fig. 6.11c). These atoms are 
further diffused away from the crack tip along the grain boundary due 
to grain boundary diffusion and a steady state flow of matter is 
maintained. Boundary transport is controlled by the tensile stress 
distribution along the Interface ahead of the crack tip. This stress 
distribution is determined by the applied stress and misfit residual
n o
stress induced by those atoms diffused from the crack surface. The 
crack front moves forward by this process without changing it s shape.
crack is perfect 'matter' sink and free surfaces and interfaces provide 
a higher diffusivity path for matter to migrate as compared to any 
path inside the grain.
According to this model, stress intensity (K^> and crack velocity 
(V) are related by [l98]
The 'threshold' Kj value (KCr> and corresponding velocity (VCr> are 
given by [l98]
where E “ Young's modulus
v ■ Poisson's ratio
D 6 - Grain boundary diffusion coefficient x boundary width
b
D “ Surface diffusion coefficient
It has been assumed |198] that the grain boundary ahead of the moving
( 6 . 2)
where
and B “ 1.A2
/ 2yn (Db <5 )J (kT)1 /l2 (1 - v*)
(6.3)
(6. A)
S
n « Atomic volume
k » Boltzman constant
and T Absolute temperature
I l l
Unfortunately for ceramic C some of these material parameters 
(Yg > Yjj and Dg) are not available. However, using the values of 
known parameters, lower and upper limiting values of the unknown 
parameters were estimated by matching the calculated Kj-V data at 
lower Kj and upper regions of the experimental curve as shown in 
fig. 6.12 (at 1400°C).
For ceramic C (at 1400°C)
-25 3 -1D^6 * 6 x 10 m s  (from creep data)
E - 300 C Nm”2 
v - 0.27
and il “ 1.06 x 10 2) m"*
The resulting values for y and 
Yb 1is assumed that —  3 y; this is
materials).
Ds (Fig. 6.12) are listed below (It 
the approximate ratio for many metallic
Curve 1 ! Ys fit 0.75 Jnf2
Ds
B , -17 2 -1 1 x 10 m s
Curve 2 ! Ys B 1.0 Jm'2
D8 B
-18 2 -1 6 x 10 m s
Curve 3 : Y# - 0.75 Jm"2
D8 B
„ c , -18 2 -1 2.5 x 10 m s
Curve 4 * Ys ■ 2.5 Jm"2
D B , , , -17 2 -1 2.5 x 10 m s
»
Curve 3 shows the best fit to the experimental curve. 
The Kj-V relation for curve 3 is
K
1
4 x 106
1/12 4
V ♦ 4.51 x 10
1/12 (6.5)
6.12: A comparison of the K^-V data for Si-Al-O-N C (at 1400°C) 
with that predicted by the diffusive crack growth model.
1 1 2
The values listed above seem to be reasonable compared to the published
data for many metals and a few ceramics. E.g. Al-O, (at 1850°C)
-2 6Db 1 i
y ° 0.9 Jm [53| and in many metals the — —  ratio is about 10 - 10 m.S D
S
In ceramic C this ratio is
D -v 10
- 8
10 m.
s
This comparison indicates that the crack growth process in ceramic C 
is possibly similar to that described by the above model. However it 
should be noted that grain boundary sliding which is not included in the 
above model also could act simultaneously with diffusive mechanisms. 
Furthermore^in a polycrystal the crack front could interact with other 
grain boundaries in the crack path (This is not the case with the bi­
crystal model) and the K^-exponent value may increase with the increased 
fraction of transgranular fracture. This may account for the increase 
in the gradient of K^-V plots at low temperatures (e.g. Fig. 6.1 at 
1200°C) in ceramic C.
The impurity segregation level affects the diffusion coefficients 
and also the (2yg - Y^) value which determine the 'threshold' level 
(KCr> and the corresponding critical velocity. The ceramics containing 
relatively 'pure' grain boundaries (heat-treated ceramics B and C) 
have shown this effect and a further discussion related to this is
reserved for chapter seven.
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CHAPTER SEVEN
EVOLUTION OF IMPROVED Si-Al-O-N CERAMICS VIA. HEAT-TREATMENT 
7.1 Introduction
The long-term non-steady-state creep behaviour and the variation 
in measured activation energy of ceramic C has been explained in terms 
of a progressive change in grain boundary structure via. the escape of 
segregated impurities into a surface oxide film (Si02>. It has also 
been suggested that a similar effect may occur in the Mn-containing 
ceramic but the effect is not apparent due to the dominant influence 
of cavitation. These observations indicate that heat-treatment in an 
oxidising environment may result in improved Si-Al-O-N ceramics. This 
has motivated the exploration of high temperature creep and fracture 
properties of heat-treated specimens of both types of ceramic.
7.2. Heat-treatments
Ceramics B and C were heat-treated for 'v 940 hours at 1430°C in 
an air atmosphere either in the form of bend creep test bars, 3 mm x 3 mm 
cross-section or as 2 mm thick double-torsion test specimens. In 
determining heat-treatment times the extent of the non-steady-state 
creep period of ceramic C (> 150 hours) was used as a guide. The 
temperature was a compromise between the change occurring in reasonable 
time and specimen dissociation. The oxide layer was removed three times 
(after % 200 hours intervals) during the heat-treatment to enhance
impurity extraction from grain boundaries and triple junctions. After 
removing the final oxide layer, which was very thin compared to the 
original oxide layer, the specimens were polished using SiC papers
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(600 grit) to maintain the same surface condition. It is also important 
to note that in double-torsion specimens the guide groove and the notch 
at one end of the groove was machined after heat-treatment.
As mentioned previously, dc-segrcgalion of grain-boundary impurities 
via. solution within IS' crystals could occur over a relatively short 
time since diffusion distances arc << 1 pm (the IS' grain size). This 
mechanism is independent of a surface silica layer and should be 
observed in vacuum heat-treated or 'bulk' specimens. To study the relative 
response to this effect, the creep behaviour of specimens (3 mm x 3 mm 
cross-section bend specimens) cut from the centre of 'bulk' pressings 
(thickness > 10 mm) which were subjected to an identical heat-treatment 
('v 940 hours at *v 1430°C) was compared with that of the smaller specimens 
which had been heat-treated in an oxidising environment.
7.3. High Temperature Creep
7.3.1. Measurement of Creep Parameters
Creep tests were performed in four-point bending and results are 
summarized in Figs. 7.1 and 7.2. For comparison the creep data for 
'as-received' ceramics are also included. In ceramic C (heat-treated) 
the non-steady-state behaviour is absent and stress dependence (Fig. 7.1) 
is linear (n * 0.98 0.06). Similar behaviour has been observed in
'as-received' specimens of ceramic C after long test times. The 'bulk' 
heat-treated ceramic C exhibited an intermediate creep behaviour 
(n “ 0.85 + 0.04) with a small amount of transient creep. A similar 
behaviour is evident from the activation-energy plots of ceramic C 
(Fig. 7.2b). The activation energy approaches a limiting value of 
818 + 22 k J mol 1, with heat-treatment.
-II
JO
S i r e »  <J M N m '* 
100
Fig. 7.1s Strea»-exponent plot» for 'heat-treated'
Si-Al-O-Na B and C.


The heat-treated specimens of ceramic B showed (Fig. 7.1) a dramatic 
reduction in creep rates (nearly two orders of magnitude) and a remarkable 
change in stress exponent value to unity (n ■ 1.02 + 0.04). Similar 
changes occur in the measured activation energy (Fig. 7.2a) and it 
approaches a value of 803 +_ 21 k Jmol  ^ which is similar to that for 
ceramic C. The 'bulk' heat-treated specimens of Ceramic B (n “ 1.38 0.05
and Q - 534 + 10 k Jmol *) showed a small change indicating that the de­
segregation of grain boundary impurities via. solid solution within 6' 
crystals is a relatively unimportant mechanism.
A few compression-creep experiments have been performed on heat 
treated specimens and similar n and Q values were obtained. However, 
the reduced precision in measuring extremely small creep rates of 
heat-treated samples in compression introduces a considerable experimental 
scatter. In both deformation modes the creep curves exhibited a negligible 
'primary' creep after specimen heat-treatment probably due to the absence 
of a visco-elastic component on reduction in grain-boundary segregation.
7.3.2. Microstructural Analysis
The new stress exponent value (n “ 1) of ceramic B indicates the 
absence of the cavitation creep behaviour after the long heat-treatment 
in an oxidising environment. This change was confirmed by transmission 
electron microscopy (Fig. 7.3) and the absence of cavitation was evident 
throughout the range of creep strain studied. There was an obvious 
change in macroscopic appearance (absence of multiple surface cracking) 
and strain to failure from un-heat-treated ceramics (Fig. 7.4a). The 
dramatic reduction in total creep strain (at constant stress for similar 
times) following heat-treatment in an oxidising environment and a 
relatively small improvement after 'bulk' heat-treatment is evident from
Fig. 7.3: T.E.M. showing non-cavitating behaviour of Si-Al-O-N 
B after heat-treatment (at 1400°C).
Fig. 7.4: A comparison between bend-creep specimens of 'as- 
received' and heat-treated Si-Al-O-N B.
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fig. 7.4b. The appearance of surface cracking in the 'bulk' heat- 
treated specimen is an indication of a persistence of internal 
cavitation and this is consistent with the observed stress exponent 
value (n 'v. 1.4).
The change in triple junction structure after the heat-treatment 
in an oxidising environment is responsible for the change in creep 
behaviour of ceramic B (Figs. 7.5a, 7.5b and 7.5c). There is no 
detectable triple junction glass in both the 'as heat-treated' and 
subsequently deformed state throughout the specimen width (3 mm).
A mechanism for elimination of triple junction glass involves the 
outward diffusion of impurity metallic ions (Mn, Mg and the accidental 
impurity Ca) into the surface oxide layer (SiC^). The driving force for 
this outward diffusion is the metallic ion concentration difference 
between the oxide film and triple junction glass. The removal of 
metallic ions from the grain boundary glassy phase makes the remaining 
elements (0, Si etc.) more susceptible to crystallisation as B'. The 
presence of A1 in both 8' crystals and the silicate phase is an important 
factor in controlling the crystal solubility for oxygen. Hence 0, Si 
etc. do not crystallise as a separate oxygen rich phase such as the 
oxynitride Sij^O.
The observation of Mn-rich particles with a similar distribution 
and density, even in this non-cavitating state, confirms that cavity 
formation in the un-heat-treated ceramics is not associated with these 
particles.
Other than the change in triple junction structure, long heat- 
treatment has produced more random and curved boundary surfaces and 
also a measurable grain growth (the average grain sice after the 'v 1000 
hour heat-treatment is 1.38 pm). Ceramic C also shows a similar grain
1
Fig. 7.5: T.E.M. showing the change in microstructure after 
'heat-treatment' of Si-Al-O-N B.
(a) Before 'heat-treatment',
(b) and (c) After heat-treatment.
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growth after the long heat-treatment with average grain size 1.44 lim.
A comparison of grain size distribution between 'as-received' and
heat-treated ceramics is shown in Figs. 7.6 and 7.7. This grain growth
(,v 15/0 is partially responsible for the reduction in creep rates.
For example, in ceramic B this contribution is about 152 (Coble creep
is assumed) of the total reduction in creep rate (Fig. 7.1) the
remainder being due to the change in triple junction and grain boundary
structure. On this basis the improvement in the 'bulk' heat treated
specimens, particularly in ceramics B, is very small. However, grain
growth during 'bulk' heat-treatment has not been measured and may be
relatively small due to the presence of impurities and triple-junction
glass which normally inhibit grain-boundary migration. This relatively
low reduction in creep rate together with the appearance of surface
cracking and the stress exponent value n “ 1.4 indicate that the
secondary de-segregation mechanism is not applicable to the Mn-
containing ceramic. In the case of ceramic C the contribution of this
secondary mechanism may be responsible for part of the change in boundary
structure. However, it is important to note that even the initial level
of segregation in ceramic C (as-received) is relatively low compared
to ceramic B and a small de-segregation of impurities may produce a
more marked change in grain boundary structure. Furthermore, the
possibility of long-range outward diffusion of grain boundary impurities
into the oxide layer during the 'bulk' heat-treatment should not be
excluded. A simple estimate, using an appropriate diffusion equation-12 2 -1and diffusion coefficient for impurity ions of _> 10 m s  shows 
that the impurity concentration could reduce to about half within a 
distance of S in (the bulk specimen J width) within 1000 hours.
Fig. 7.6: Crain .ire di.tribution of Si-Al-O-N B before and 
after 'heat-treatment'.
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Fig. 7.7: Grain size distribution of Si-Al-O-N C before and 
after 'heat-treatment'.
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7.3.3. Creep Mechanisms
The modified creep parameters and microstructural observations
confirm that the creep mechanism is diffusion-controlled in both ceramics
after heat—treatment. The removal of impurities from grain boundaries
may increase the density of primary bonds (Si-N type) across the grain
boundaries. Therefore diffusion of S* crystal atomic species through
this type of grain boundary would be more difficult, with an increased
activation energy and hence lower creep rate.
Using new values for creep rate and grain size, £D, valuesb
appropriate to this type of boundary have been estimated:
■ 3 * 10 m^ s * (1375°C for ceramic C) 
iDjj * 6 x 10 ^  m* s ' (1375°C for ceramic B)
The previous £Db value (section 5.3) for the un-heat-treated ceramic
C at 1375°C is approximately one order of magnitude higher than the
present value. (The value corresponding to the 'as-received' state is
probably even higher than that calculated in section 5.3). These £D.b
values are low compared with those for oxide ceramics. For example,
£Db at 1375°C for A^O j  (Al boundary diffusivity, in MgO-doped and for 
some undoped materials, from creep data) is •v A x 10 m s  [44J. This
difference is not surprising because the bonds in these two ceramic crystals 
have different degrees of covalency. The estimated £Db value for hot-
pressed SijN^ (HS 130) based on compressive creep data [83] is approximately
“ 25 3 ™1one order of magnitude higher ('V» 2 x 10 m s  at 1375°C) than that 
for the heat-treated 6" ceramics. An approximate average grain size of 
1 pm has been used in the calculation of £Db for Si^N^ (A precise value 
for average grain size has not been raported [83] but is clearly important 
because the value of £Db is very sensitive to grain size via. the creep
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equation e “ ------ *—  .
k i d
Assuming that the measured activation energy for creep deformation
is that for grain boundary diffusion, an equation for grain boundary
diffusion can be obtained. For ceramic C, 6D. is given byb
and for ceramic B
2.4 exp -
1.5 exp -
818 k Jmol 
RT
-l
803 k Jmol 
RT
-1
3 -1m s
3 -1m s
The pre-exponential term |4Dq j is very high compared to that for
”6 3 "1the 'un-heat-treated' ceramic C (' 1 x 10 m s )  and also to that for 
many other ceramics. For A1.0. (Q “ 420 k Jmol *) 4D is 8 x 10 m^ s
i  j  Ojj
-3 3 -1[44] and the estimated value for hot-pressed Si^N^ is 'v 5 x 10 m s
(Q 3 705 k Jmol * [83]). However, the value (the intercept of the
log vs I graph) is very sensitive to the value of the activation
energy (Q) and normally high values are associated with high activation
energies (a small error in Q will also result in a very large error in
4D ).
°b
The grain boundary width, 6 may decrease with de-segregation of 
impurity atoms from grain boundaries during heat-treatment. However,
obthis effect is negligible compared to the very large increase in 6D
3 2 -1 9 2 -1This implies a change in from 'v 10 m s to 'v 10 m s
(assumed 4 'v 7 A). Although this increase is unusually high, the 
sense of the change appears to be correct. As a parallel process one 
could consider the transition from a grain boundary diffusion to a 
lattice diffusion. Normally, this transition is accompanied by an 
increase in activation energy and Dq value. For example, in A l ^
a,
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D0 ~ 8 x 10 2 ra2 s 1 (i ^ 100 X [44]) and D -v 14 m2 s"1 (D is,-2  2 -1■ « O X  H  —
' b  ~l  “ l
the D value for lattice diffusion and Q -v 580 k Jmol”1).
The Dq value for lattice diffusion (D ) is given by [199]
°l
,  1 i 2 S/RD„ * r  * v e
°l 6
where X is the jump distance, v the vibrational frequency of atoms, S
the entropy term and R the gas constant. The pre-exponential part is 
“ 6 2 “ 1normally 'v 10 m s .  The entropy term S may be related to the 
activation energy Q by [199J
s .  8-2-Tm
where T^ is the absolute melting temperature and 8 is a parameter that
depends on the temperature coefficient of elastic constants and is
normally a small positive number [199] (for metals 8 'v 0.2 - 0.5).
This expression shows that the entropy term (and hence Dq) increases
with activation energy. The vibrational frequency, v of interfacial
atoms could also increase due to the increase in local elastic properties
of grain boundaries after heat-treatment. However, the increase in v
could be relatively small compared to the very large increase in .
b
Similarly, the change in X after heat-treatment is expected to be
small. Therefore, if a similar relationship is assumed for Do theb
higher D value is mainly due to the entropy contribution and the 
°bobserved increase in D with heat-treatment is due to the change in 
°b
the grain boundary structure. It is believed that in heat-treated 
ceramics the density of primary bonds across the grain-boundary is 
relatively high and the higher activation energy is associated with 
their elastic distortion during atom transport which increases the 
entropy contribution.
I  ¿4
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7.A. Slow Crack Growth 
7.A . 1. Kx-V Data
Kj-V data for heat-treated ceramics B and C is shown in Fig. 7.8 
For comparison, data at 1A00°C for 'as-received' ceramics (A and B)is 
also included. The increase in gradient (n 'v. 17) and introduction of a 
crack stabilising effect for ceramic B is consistent with the absence of 
creep cavitation. As in ceramic C this suppression of slow crack growth 
below a critical level (K^ ■ 2.1 MPam^) is accompanied by visible evidence 
for crack blunting via. diffusional creep (Fig. 7.9). Ceramic C shows 
an increase in gradient (n 'v AO) and a shift in threshold value of 
for crack stability. Slow crack growth is restricted to a very narrow 
range of Kj values. The measured activation energies for slow crack 
growth for ceramics B and C are 'v 1000 k Jmol 1 and a. 950 k Jmol 1 
respectively. These values are higher than obtained for creep defor­
mation.
There is little change in the level of fracture toughness (K^) 
which shows a reasonable agreement with that determined independently 
using SENB tests (Fig. 7.10).
In Fig. 7.11 a comparison is made between 'as-received' and heat-
treated Si-Al-O-N ceramics together with the published data for consnercial
Si_N, [129J and SiC [115] ceramics. Both heat-treated ceramics exhibit 3 A
higher resistance to subcriticai crack growth than that of S i ^ .
7.A.2. Mechanisms for Slow Crack Growth 
7.A.2. (a) Diffusive Crack Growth
The main feature of the K(-V relation in heat-treated ceramic* is the 
increase in slope and 'threshold' level. There is a marked change in 
fracture surface topography in heat-treated ceramic B. The fracture 
surfaces are macroscopically flat, deviating only a few grain diameters
Fig. 7.8: The K^-V diagram for heat-treated ceramics.
Fig. 7.9: SEM showing suppression of crack growth by crack 
blunting via. diffusional creep in Si-Al-O-N B 
after heat-treatment (mag. 50 x).
-t
t*
Fig. 7-8
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Fig. 7.10: The variation in with temperature after 
heat-treatment in Si-Al-O-Ns B and C.
Fig. 7.11: A comparison of Kj-V relationships for heat- 
treated and 'as-received' ceramics together 
with commercial Si^N^ and SiC.
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from the mean fracture plane with no visible difference between slow
and fast regions, unlike the 'as-received' state (Fig. 7.12). The other
feature is the retention of a high proportion of transgranular fracture
(even at 1500°C) in fast fracture surfaces (Fig. 7.13). These micro-
structural observations and the Kj-V relation for ceramic B indicate
the absence of a viscous cavity nucleation and growth process after
heat-treatment. This new slow crack growth behaviour is similar to
that observed previously for ceramic C. Therefore it is possible that
a diffusion-controlled crack propagation [198] described previously
could also operate in ceramic B. Fig. 7.14 shows the comparison between
experimental Kj-V data and that obtained from the diffusive crack growth
“25 3 “1 “26 3 “Xmodel using new 6Db values at 1400°C ('v 1.3 x 10 ra s and i 8 x 10 m s
for ceramics B and C respectively). The unknown parameters D and ys s
were estimated by matching the calculated and experimental curves as 
previously described (section 6.3.3):
For ceramic B (heat-treated)
y “ 3.2 Jm 2 s
yb ■ 1.6 Jm 2
D « 2.5 x 10"18 m2s_1 
8
and for ceramic C (heat-treated)
y * 1.5 Jm ^
1 8
yfa » 0.75 Jm“2
, -18 2 -1 D > 1 x 10 m s  s
It is assumed that there is a negligible change in the values of 
Young's modulus and Poisson's ratio due to the heat-treatment.
To obtain a reasonable fit to the experimental 'threshold' Kj level 
for crack propagation the (2yg - yfc) term for ceramic B needs to be about
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Fig. 7.12: A comparison of high-temperature (1400°C) fracture 
surfaces for Si-Al-O-N B before and after heat- 
treatment (mag. 20 x) .
Fig. 7.13: Typical high-temperature fracture surface after 
heat-treatment showing an increase in the amount 
of transgranular fracture for Si-Al-O-N B.
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twice of that for ceramic C. Also the estimated (2yg - Y^) value for 
ceramic C after the heat-treatment is nearly twice —  that for the 'as- 
hot-pressed' state. Hence if diffusive crack growth C198J is the 
dominant mechanism operating in these ceramics the variation of and y^
with reduced impurity level should show a divergence. The ratio
-7 . s(‘v 10 m) for ceramic B appears to be reasonable, compared with that
for the other materials.
The K^-V relation for ceramic B based on the diffusive crack growth 
model, shows a moderate agreement (Fig. 7.1A) throughout the velocity 
range. If the exact experimental points on the K^-V diagram (Fig. 7.8) 
are considered the agreement with this model is more favourable. It is 
important to note that the experimental data points may not necessarily 
represent a straight line logarithmic Kj-V relation, but a curve with 
a large radius of curvature. In ceramic C the gradient of the K^-V 
relation is considerably higher (^ AO) and therefore the predicted curve 
is deviated away from the experimental curve (Fig. 7.1A) whatever 
reasonable values are used for the unknown variables (y • Y. and D ).
8  D S
Even if the same argument is used as for ceramic B the diffusive crack 
growth model may be valid only for a small range of velocities.
Furthermore, the difference in activation energies for crack growth 
and that for diffusional creep adds an additional difficulty in 
rationalising the diffusive crack growth process in these ceramics. 
However, the activation energy value obtained from the K^-V relation is 
not very accurate. These disagreements in theory and experimental data 
may be due to the operation of a different mechanism in these ceramics.
Before considering an alternative mechanism it is worth discussing 
two additional points related to r Chuang's crack growth model [198]. 
Below the critical Kj level (Kcf), or for V < Vcr (see section 6.3.3) 
the crack growth equation (equation 6.2) related to this model predicts 
a decrease in crack velocity with an increase in Kj and therefore this
Fig. 7.14: A comparison of K^-V data for heat-treated ceramics 
with that predicted by the diffusive crack growth 
mode 1.
Fig. 7.15: A comparison of K^-V data for heat-treated ceramics 
and 'as-received' ceramic C with that predicted by 
thermally-activated bond breaking.
Fig.7 14
Fig.7*15
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model breaks down below the K level. This has been interpreted [198] 
as an excess 'blunting' of the crack tip and it is supposed that it presents 
an unstable crack-tip shape. Furthermore, the crack thickness (u>) 
predicted by this crack growth model is given by T1981
Hence for — —  ^ 10 m (The values obtained for the present materials) 
s ^
the thickness u approaches a value 'v 5 X for V = 10 Vcr. In other words
. 3the crack becomes atomically sharp when the velocity is •v 10 V^. It
is possible that this crack growth model is valid only for a small velocity
range of the K.-V diagram. However, this velocity range is very sensitive 
6Dbto the — —  ratio and a small change could result in a marked change in 
s 6D 6
the velocity range (e.g if — —  'v 10 6 m, V « 10 Vcf for u » 5 A). In
s
addition, the predicted Dg values for these ceramics are lower than the 
values at 1400°C if a reasonable 6 value (*v 10 X) is assumed. The experi­
mental D and D, values for metallic materials show that normally surface s b
diffusion is faster than the grain boundary diffusion. However, in some 
cases (e.g Cu and Ni [198]) experimental values of are greater than Dg. 
Hence, it appears that a severe limitation of this model is that diffusional 
crack growth can occur above W^r only if Dg < (if Dg > and V > Vcr 
then u < 6).
7.4.2. (b) Crack Propagation by Thermally-Activated Bond Rupture
The mathematical theory for this process is based on 'lattice-trapping' 
models [133,200] and the concept of 'lattice trapping' has been described 
briefly in section 2.2.2. (c). When the applied stress intensity factor 
(Kj) is increased to a critical value Kj unstable bond rupture occurs 
and fast fracture results. Similarly, when Kj is decreased to a critical 
value K spontaneous bond healing occurs. In the intermediate range of Kj, 
K.' Kj * f the crack is mechanically stable or 'lattice trapped' [200J.
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The 'lattice trapping' occurs as a consequence of the discrete nature 
of the atomic arrangement in solids. The Griffith theory predicts only
this lies between the above limits (K_ and K+). When a crack is 'lattice 
trapped' thermal fluctuations can cause the crack to advance subcritically
(forward or backward) activation barriers.
This phenomenon of 'lattice trapping' is a general characteristic 
for crack stability in crystals. However, this mechanism has been used 
[135,200] to explain the slow crack growth process in lead glass in 
vacuum. If this is applicable to a disordered solid like glass it could 
be equally applicable to the grain boundary region of a polycrystal.
Recently Fuller et al [200] have derived a crack growth relation 
using the 'lattice trapping' concept. They have assumed the standard 
Arrhenius rate equation for velocity
forward and backward activation energy barriers and kT has it s usual 
meaning. Neglecting the backward thermal fluctuations Eqn. 7.1 can be 
written as
The forward activation energy barrier is related to the 'lattice 
trapping' limits K+ and K_ and is given by [200]
one value of the stress intensity factor (Kjg) for crack stability and
(7.1)
where V£ is a proportionality constant and it has been assumed [200] 
that depends only weakly on the applied stress. AU+ and AU_ areV£ 
V - Vc exP - T f (7.2)
(7.3)
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where is the activation energy necessary to rupture the interatomic
bonds. Assuming the equivalence between K and fracture toughness K,♦ lc
Eqn. 7.2 can be written as
V - Vc exp ub 1kT l-!k
1 Klc
(7.4)
For a given temperature and environment K_ should be independent of 
applied stress and therefore
2
V ■ V£ exp - A
U.
(7.5)
where A - const. - pjr
1 - K_K,lc
Since K is usually very small compared with Kjc, the factor K- 1 ^ 1.
f K l2 C 1 Klc-<
The gradient (A) of tn V vs 1 - 8ives an approximate
l 1 r '
activation
energy (a slightly higher value because K_ > 0) for the bond breaking 
process.
The application of this theory to heat-treated ceramics B and C and 
also, for comparison, to un-heat-treated ceramic C is shown in Fig. 7.15. 
The experimental data for heat-treated ceramic C shows a reasonable 
straight line fit and the gradient gives an activation energy of 'v 1300 
k Jmol"1 which is higher than that obtained from the Kj-V relation 
(<\, 950 k Jmol_ S *  However, the former value ('v« 1300 k Jmol l) is over­
estimated because the factor 1/[1 _ K- ] is slightly greater than unity.
I *^lc'
The data for heat-treated ceramic B shows considerable scatter in the
straight line fit and gives an activation energy * 600 k Jmol 1 which is 
lower than that obtained from the Kj-V relation (^ 1000 k Jmol ). The
of
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departure from the straight line fit for ceramic C (un-heat-treated) 
indicates that the crack propagation behaviour of ceramic C at 1A00°C 
is not described by Eqn. 7.5 and hence a 'lattice trapping' model may 
not be applicable.
The V£ value, i.e. crack velocity corresponding to for the 
-2 -3 -1ceramics lies between 10 - 10 ms Since the Eqn. 7.5 contains
fall in a reasonable range.
In summary, the K^-V data for heat-treated ceramic C 
favours crack propagation by a thermally-activated bond-breaking process 
rather than by the coupled surface and grain boundary diffusion process. 
However, the crack growth behaviour of un-heat-treated ceramic C favour 
the latter mechanism. Furthermore, in heat-treated ceramic C at low 
velocities the diffusive crack growth mechanism could be dominant and 
at high velocities the bond breaking process could be dominant. Heat- 
treated ceramic B shows a moderate agreement with both mechanisms.
Finally, it is important to note that the diffusive crack growth 
mechanism also involves a thermally-activated 'bond-breaking' process 
and therefore the activation energy for the two mechanisms may be of 
similar magnitude. As a result these two processes might be empirically 
inseparable. However, in diffusive crack growth the detached atoms 
are diffused further away to a sink, due to a chemical potential difference, 
which involves a migrational activation energy. In 'lattice-trapping' 
models the atoms remain attached to new surfaces of the crack after 
bond-breaking. Hence, in thermally-activated crack propagation, the 
crack tip is atomically sharp and is independent of crack velocity unlike 
diffusive crack growth. The examination of this difference in crack tip 
configuration (at low velocities closer to Vcf) could be used to
a normalised stress intensity factor values normally
' T J
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distinguish these two mechanisms. However, the examination of such a 
microscopic difference will undoubtedly present experimental problems.
AN OVERVIEW
(i) Deformation and Fracture
The remarkable change in creep behaviour after heat-treatment provides 
additional experimental evidence for creep mechanisms in 'as-hot-pressed' 
ceramics. The observation of a transition in stress-exponent from n > 1 
to n 2 1 with the removal of cavitation confirms the suggestion that n > 1 
is induced by cavitation and not due to mixed mechanisms (such as dislocation 
motion). The absence of cavitation with the removal of triple-junction 
glassy phase, confirms that the cavitation in the 'as-hot-pressed' state 
is due to the presence of triple junction glass. Although, the observation 
of non-integral stress-exponent values (n > 1) in B-Si^N^ based ceramics 
has been explained as a consequence of cavitation within an intergranular 
glassy phase, until now no direct experimental proof has been presented.
The creep behaviour of ceramic C after heat-treatment supports an 
explanation of the initial non-steady-state behaviour in terms of a de­
segregation of grain boundary impurities. In view of the creep behaviour 
of 'bulk' heat-treated specimens the major de-segregation mechanism is 
that of extraction of metallic ions into an oxide layer, accompanied by 
a redistribution of other segregated elements within B' crystals.
Creep parameters and microstructural observations confirm that the 
rate controlling creep mechanism is diffusional. Lattice diffusion is 
unlikely to dominate at the test temperatures in these fine-grained 
covalently bonded ceramics. Furthermore, the observation of transient 
creep behaviour in 'as-hot—pressed* ceramics and the achievement of 
improved creep and fracture properties via heat-treatments provide strong 
evidence for a deformation process associated with grain boundaries.
However, due to the lack of different grain sice materials it was not 
possible to confirm the Coble creep mechanism via.the determination of grain-si
exponent. Furthermore, as no data are available for grain boundary 
diffusivity of Si-Al-O-N ceramics it is not possible to identify the 
rate controlling atomic species in creep deformation.
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The crack growth behaviour of both ceramics before and after 
lieal-l roalment is consistent with the creep behaviour. Ceramic II shows 
a transition from a grain boundary sliding-assisted viscous cavity 
nucleation and growth to diffusive crack growth or to a thermally 
activated bond-breaking process with heat-treatment. This transition 
is characterised by an increase in K|-exponent (n *». 7 to n ^ 17) and 
the introduction of a threshold Kj level for slow crack growth. The 
transition is also consistent with the microstructural change of a removal of 
triple junction glass, with heat-treatment.
The crack growth characteristics of 'as-hot-pressed' ceramic C 
also favour the diffusive crack growth mechanism. However, for confirma­
tion of the particular mechanism precise values of Ds> SD^, Yg and 
are required. An accurate experimental determination of these quantities 
is normally difficult and even a small error in absolute values of these 
parameters would result in a marked change in the predicted K^-V relation.
The sensitivity of the predicted Kj-V relation to the absolute value of 
these parameters is evident from fig. 6.12. The heat-treated ceramic C 
shows a departure from the diffusive crack growth behaviour and shows
process. Apart from the activation energy term there is no other 
suitable parameter available for experimental check in the equation related 
to the bond-breaking process.
Finally, the reproducibility of the crack propagation data obtained 
here gives confidence in the use of such Kj-V plots for failure prediction 
(section 2.2.2(b)) in 0" ceramics.
a favourable agreement with the thermally activated bond breaking
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(ii) Microstructure and Engineering Application
The major microstructural difference between the two types of 
ceramic is the presence of a glassy phase at 8>-grain triple junctions 
in ceramics prepared with a Mn-addition. The Auger electron spectros­
copy of intergranular fracture surfaces and Edax analysis of the 
larger triple junctions suggest that this glassy phase is a silicate of 
Ca, Mn, A1 and Mg (Ca is an accidental impurity). It is believed that 
the solubility of Mn in S' crystals is extremely low and hence Mn stabilises 
the silicate phase in triple-junctions after grain impingement and remains 
as a residual glassy phase on cooling. However, in the case of Mg there 
is some experimental evidence [1781 for a small solubility of Mg in 8' 
crystals. This results in simultaneous solid solution of oxygen for charge 
compensation and hence reduces the silicate liquid progressively to give 
a single phase condition. The presence of a residual glassy phase and 
hence creep cavitation even in high purity Si^N^ ceramics with Mg additive, 
demonstrates the importance of A1 in controlling the residual silicate phase. 
Therefore, it can be concluded that the most effective way to produce 
a non-cavitating ceramic is to hot-press a carefully balanced Si-Al-O-N 
with a small amount of Mg-additive.
Apart from triple-junctions there is no resolvable phase between 
8' grain boundaries in the two ceramics, within the limits of lattice- 
image resolution set by the 6" prism plane spacing and the instrumental 
capability. However, Auger electron spectroscopy of ceramic C shows 
that segregated impurities, mainly Mg and impurity Cn together with 
oxygen are present within a Tew atomic spacings around Hut boundary ot 
each crystul.
The microstructural observations confirm the elimination of triple­
junction glass in the Mn-containing ceramic with heat-treatment. The 
diffusion of metallic ions into the surface oxide film, due to the
concentration gradient of metallic ions between the oxide film and the 
triple junction glass, makes the latter unstable. Hence, the other 
elements Si, 0, Al, etc. crystallise as B". The presence of A1 in 
both B' crystals and silicate phase is an important factor in this 
transformation which avoids crystallisation of remaining elements as 
a separate oxygen rich phase or the persistence of a glassy phase.
It is believed that the de-segregation of impurities from grain 
boundaries increase» the density of primary bonds across grain 
boundaries. The improved creep and fracture properties, particularly 
the increase in resistance to subcritical crack growth, provide strong 
evidence for this. Apart from superior mechanical properties heat- 
treated ceramics show a high oxidation resistance, an increased 
difficulty of diamond machining and a reduced susceptibility to 
dissociation. However, two problems could arise in high temperature 
application of these ceramics:
(i) the difficulty in fabricating complex shapes by hot-pressing 
and
(ii) the expense and difficulty of long term heat-trentment.
A pre-heat-treatment is not necessary if MgO-additive hot-pressed Si-Al-O-N 
ceramic is used because of the non-cavitating behaviour of this ceramic. 
During high-temperature service in oxidising environments the properties 
of this ceramic may improve further due to de-segregation of impurities 
from grain boundaries. For alternative fabrication techniques, e.g. by 
pressureless sintering it is difficult to achieve near theoretical 
density without a relatively large amount of liquid sintering aid.
Hence, these ceramics are essentially two phase materials [1781. The 
oxidation resistance of these sintered ceramics is relatively poor 
11771 and this may be the moat severe limitation to their high temperature 
application which motivates the uae of single phase hot-pressed B 
ceramics in extremes of stress and temperature.
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Finally, some of the main achievements of this research will be 
summarised :
The possibility of modifying grain boundary transport and 
cohesive properties to approach that conferred by covalency inR' 
crystals by removing impurity segregates has been demonstrated. This 
work also indicates the importance of ceramic 'alloying' in fabricating 
non-cavitating ceramics. Si-Al-O-N C is the first example of a R-Si^N^- 
based ceramic which exhibits non-cavitating diffusional creep behaviour.
The observation of a transition in creep and fracture behaviour, 
particularly in ceramic B with heat-treatment, clarifies many uncertainties 
associated with deformation and fracture mechanisms throughout the range
of ceramics based on R-Si,N,.3 4
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